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 Aim for the moon. 
If you miss, you may hit a star. 
                       W. Clement Stone 
 
 
 
 
The initial problem 
statement of my doctor 
thesis was the investigation 
of grain boundary 
embrittlement in medium 
Mn steels. During an 
investigation of the effect of 
cold deformation and 
tempering on impact toughness, I noticed, that some samples showed a serrated 
appearance in the stress-strain curve. After a more detailed investigation it turned 
out that Mn segregates to dislocation lines. It was my star! Since then the focus of 
my thesis changed from grain boundary segregation to dislocations. I spend the rest 
of the year studying segregation to dislocation lines and trying to prove that a local 
phase transformation from martensite to austenite on dislocation lines is possible. 
Thanks to support from my colleagues Michael Herbig and Stefanie Sandlöbes a 
final proof became possible. 
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Abstract 
 
This work focuses on segregation studies in a binary Fe-9wt%Mn. This thesis is 
divided into two main parts, as a common phenomenon of segregation induced 
phase transformation is studied in the thesis, however the first part deals with 
segregation to 2D defects: grain boundaries, and the second part focuses on 
segregation behavior to 1D defects: dislocation lines. 
The first part is dedicated to grain boundary segregation and its influence on impact 
toughness. It is observed that solute Mn directly embrittles martensite grain 
boundaries while reversion of martensite to austenite on high angle grain boundaries 
cleans the interfaces from solute Mn by partitioning the Mn into the newly formed 
austenite, hence, restoring impact toughness. Microalloying with B improves impact 
toughness in the quenched state and delays temper embrittlement at 450 °C. 
Tempering at 600 °C for 1 min significantly improves impact toughness and further 
tempering at lower temperature does not return the embrittlement. At higher 
temperature regular austenite nucleation and growth takes place and at lower 
temperature Mn directly promotes it´s growth. 
The second part of this work includes a correlative transmission electron 
microscopy/atom probe tomography study of segregation to dislocation lines in a 
predeformed and tempered Fe-9wt%Mn alloy. The results show direct evidence for 
pronounced equilibrium segregation of Mn to edge dislocation segments without the 
presence of C. The tubular-like Mn enriched zone has the chemical composition of 
austenite when in thermodynamic equilibrium with the present ferrite phase. TEM 
observations in conjunction with thermodynamical calculations of the critical 
nucleation size confirm the assumption that these nanoscale segregation zones along 
the dislocation lines have undergone confined phase transformation from martensite 
into austenite. 
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1. Literature review 
This chapter describes general characteristics of medium Mn steels, including 
microstructure, mechanical properties and thermomechanical treatment. Further 
limitations, connected to temper embrittlement are discussed. Additionally, a short 
overview of thermodynamics of segregation is given. Finally, segregation to 
dislocation lines is outlined. 
 
1.1. Steels for automotive industry 
The development of new steel grades was always driven by the demand of the users, 
for materials combining good mechanical properties such as high ductility, high 
tensile strength, toughness, as well as good processability and low cost (1). In order 
to fulfill these requirements, there are two ways: alloying and thermomechanical 
processing. Advanced high strength steels (AHSS) offer a combination of cost-
effective and light-weight parts. Transformation induced plasticity steels (TRIP) is 
the key concept for the 1
st
 generation of AHSS, which are already widely used. 
Twinning induced plasticity steels (TWIP) is the main mechanism for the 2
nd
 
generation AHSS, however, the high level of Mn (about 20 wt %) leads to 
processing problems. Finding a compromise between the 1
st
 and the 2
nd
 generations 
of AHSS lead to development of the 3
rd
 generation AHSS (2) with a reduced Mn 
content, as shown in Figure 1. A typical compositional range is 3-12 wt% Mn and 
0-0.2 wt% C. Generation of a dual-phase martensite + reverted austenite 
microstructure increases strength (martensite) and strain hardening (austenite) by 
TRIP and TWIP effects. 
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Figure 1: Map for the combination of tensile strength and elongation of various 
classes of steels (3). 
 
One of the example of a 3
rd
 generation AHSS is a lean maraging TRIP steel, 
developed by Max-Planck-Institut für Eisenforschung. The alloys have ultra-low 
carbon content, 9-12wt% Mn and minor additions of Ni and Al (1, 4), which are 
responsible for precipitation hardening. 
Thermomechanical treatment has a strong effect on microstructure and grain size. 
Refinement of grain size (5, 6) typically leads to improvement of yield stress and 
toughness. Producing reverted austenite during tempering changes the strain 
hardening behavior. Optimization of the thermomechanical processing of these 
steels requires precise knowledge about the underlying deformation mechanisms, 
both at ambient and elevated temperatures (7, 8). 
 
1.2.  Fe-Mn system 
Manganese is known as an austenite stabilizing element, but the degree of stability 
is complicated, showing strong temperature dependence due to magnetic effects (9). 
A phase diagram of Fe-Mn binary system is shown on the Figure 2. According to 
the equilibrium phase diagram an eutectoid transformation takes place at 250 °C, 
but in practice this transformation is very slow and the two phase region + is 
typically extrapolated to room temperature (10). 
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Figure 2: Fe-Mn phase diagram, constructed with the SSOL5 database. 
 
Depending on the Mn content, different microstructures might be obtained upon 
cooling: equiaxed ferrite, massive ferrite, bainite, α-martensite, ε-martensite (11). 
Formation of massive ferrite is observed in low-Mn steels with content below 5% 
and occurs when the cooling rate is sufficiently fast to prevent appreciable long 
range diffusion and separation of the equilibrium phase, but not fast enough to 
prevent short range diffusion and induce diffusionless martensitic reactions. Growth 
of the massive phase occurs by short range diffusion across the incoherent ferrite-
austenite interphase. The transformation is accompanied by substantial change in 
volume in respect to the parent phase (12). This volume change is accommodated 
by plastic deformation by dislocation slip which results in a higher dislocation 
density in the massive ferrite phase. 
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Upon cooling from the γ-region, a martensitic transformation to α'-martensite or ε-
martensite occurs. According to the Schumann’s diagram (Figure 3), the 
transformation to ε-martensite takes place when Mn concentration is above 15%. 
However according to Duchateau, (13) a transformation to ε-martensite can take 
place even at lower concentrations of Mn (in 9%Mn steel) due to strong partitioning 
of Mn to austenite. 
 
Figure 3: Schumann’s martensitic transformation diagram of iron-manganese 
system. 
 
With increase of Mn content Ms (martensite start) and Mf (martensite finish) 
temperatures decrease. At Mn contents above 12% the retained austenite can be 
detected in the microstructure by EBSD after quenching to room temperature. 
Alloying with other elements has a strong effect on transformation temperatures as 
well. C and Ni strongly extend the γ-field, so that retained austenite is present down 
to room temperature, while Al, Si and Mo restrict the γ-field. 
 
1.3. Martensite morphology 
In low carbon steel and Fe-Mn alloy with Mn content below 10 % lath martensite 
can be found. TEM analysis show that the lath martensite units tend to be smaller 
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than 200 nm (14, 15). An important microstructural characteristic of the lath 
martensite is the tendency of many laths to align themselves parallel to each other in 
large areas of the parent austenite grain. Microstructural observations show that lath 
martensite transformation subdivides the prior austenite grain into several packets, 
which contain extended parallel blocks, and subblocks in a finer scale. Blocks or 
subblocks are further divided into laths, narrow units with a width of sub-micron 
range. Crystallography and substructure of lath martensite was investigated in (15–
17). The orientation relationship between lath and parent austenite grain show a 
variation range close to the Kurdjumov-Sachs (K-S)< 110 >𝛾//< 111 >𝛼 , 
{111}𝛾 //{110}𝛼 and the Nishiyama-Wassermann (N-W)< 112 >𝛾//< 011 >𝛼, 
{111}𝛾 //{110}𝛼orientation relation; they share a closed packed plane and 
direction. Adjacent laths within a packet of lath martensite all exhibit the same 
variant of the austenite-martensite orientation relationship, although adjacent laths 
may be misoriented by about 2 degrees. A dislocation network of 𝑎𝛾/2[1-11] and 
𝑎𝛾/2[11-1] accommodate the misfit between martensite laths. These dislocations 
interact and form boundaries of tilt/twist character (16). The misorientation across 
these boundaries is cumulative, have a tendency to alternate over distance. The 
lattice orientation might also slightly change along a single lath. The substructure of 
lath martensite consists of screw dislocations in all four directions <111>, but the 
set with a/2 [-1-11] is dominant. These dislocations are thought to be a result of 
accommodation deformation due to a large shape strain. At the edges of the lath, 
considerable elastic strain is present. Because the dislocation line cannot end within 
a crystal, the dislocation forms a loop around the lath (15).
 
1.4. Effect of martensite tempering 
The structure of quenched steel is thermodynamically highly unstable. This because 
of the supersaturation of solute elements in the body-centered-tetragonal matrix 
crystal lattice of the martensite; the strain energy, associated with fine dislocation or 
twin structure of martensite; interfacial energy, related to high density of lath and 
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plate boundaries; and retained austenite, which may be present even in low carbon 
steel. A high dislocation density provides the driving force for recovery or 
recrystallization during tempering, and a high density of interfaces provides a 
driving force for growth and coarsening of the martensite matrix. 
Tempering is a process of heating martensitic steels to elevated temperatures so that 
they become more ductile (18). In a carbon steel tempering involves segregation of 
carbon atoms, precipitation of carbides, decomposition of retained austenite (19) 
and formation of reverted austenite (7, 20). Any temperature lower than the critical 
can be used for tempering; thus a large variety of structures, properties can be 
produced by tempering. Eventually, it is a balance of strength and toughness that 
determines the required tempering conditions. One should be aware that the 
toughness dependence on tempering temperature is not linear and contains a 
minimum in the range 400 °C-500 °C. This decrease in toughness is referred to as 
tempered embrittlement, and will be discussed in more detail later. 
The improvement of toughness and the reduction of surface area occurs on expense 
of strength and hardness. Therefore, additional alloying is required to retard the rate 
of softening during tempering and to increase hardness through formation of alloy 
carbides or other precipitates (1). 
In binary Fe-Mn system a complete transformation to martensite occurs upon 
cooling to room temperature in the alloys with a concentration of manganese up to 
10 wt. %. According to the equilibrium phase diagram (Figure 2), partial 
transformation of α to γ phase should take place. As described by Dmitrieva (7), 
austenite growth takes place by diffusion of Mn from ferrite towards phase 
boundaries. When concentration on the grain boundary reaches the equilibrium, 
phase transformation occurs. As the migration of substitutional manganese atoms is 
a relatively slow process, long holding time is needed to complete the reaction, 
especially at lower temperatures. 
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1.5. Toughness  
Impact toughness (toughness strength) is a very important mechanical property for 
structures or components subject to shock loading and especially in the ship and 
offshore industries, aviation industry, pressure vessels and bridges in cold and 
stormy conditions. The impact toughness of a material can be determined with a 
Charpy test (21), which involves impact testing of a notched specimen with 
standard dimension and measuring the amount of energy absorbed by specimen. 
 
 Ductile to brittle transition temperature 1.5.1.
Some materials undergo a ductile to brittle transition (DBTT) as the temperature 
decreases. While the transition temperature approach may be applicable to low-
strength steels for purposes of comparison, it is not satisfactory for other materials.  
For instance, high-strength steels do not exhibit abrupt ductile-to-brittle transition 
behavior. Other structural materials with fcc crystal lattice, such as aluminum alloys 
or austenitic stainless steels do not exhibit characteristic transition at all, as Peierls 
stress is low in fcc structure (22). 
In the brittle regime, two modes can take place: transgranular cleavage and 
intergranular fracture. In case the strength of the grain exceeds the strength of the 
grain boundary (Figure 4), failure occurs by intergranular fracture. In the 
intergranular fracture mode fracture follows the grain boundaries of the material. 
This results in a jagged fracture with bumpy edges. By decreasing the effective 
grain size (6, 23) one can increase the fracture pass and improve the fracture stress. 
In case of a Fe-Ni alloy, the DBTT was successfully improved after a grain 
refinement through thermal cycling (24). 
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Figure 4: Concept of equicohesive temperature. 
A partial substitution of Ni with Mn leads to a very similar lath martensite 
microstructure. Unfortunately, the formation of 𝜃-NiMn precipitates on the grain 
boundaries in this system leads to an increase of DBTT (25, 26). 
Further, the susceptibility to embrittlement depends on the hardness and yield stress 
of a material and is proportional to material strength. This type of embrittlement is 
called hardening embrittlement (27) and can be explained in terms of the Yoffee 
diagram in Figure 5 (28). If the fracture stress during loading is reached before the 
yield stress then the fracture mode is brittle. DBTT is defined here as the 
temperature at which the yield stress is higher than the fracture stress. An example 
of this form of embrittlement is found in a quenched Fe-8Mn-0.1C (wt.%) alloy 
(29), where intergranular embrittlement originates from a higher matrix strength 
than grain boundary strength. 
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Figure 5: The Yoffee diagram, crack-tip stress (σY), brittle fracture stress 
(σF). 
 
The influence of the yield stress is particular important for hardened steels. Even 
very low amounts of impurities (near the limit of detectability by AES) can lead to 
steep decrease of toughness as yield stress increases (30). The reason for this is that 
the intergranular embrittlement is stress-controlled, so the higher the stress that can 
be reached, the lower is the amount of impurity needed to produce decohesion. 
 
 Embrittlement by impurity segregation 1.5.2.
Material fails intergranularly if the matrix strength exceeds the strength of grain 
boundaries. Segregation of certain elements to grain boundaries decrease the grain 
boundary strength and causes intergranular failure. For instance, a high purity iron 
shows cleavage fracture down to 4.2K (31), but addition of  0.05wt% P shifts the 
DBTT to 250 K (32). 
Temper martensite embrittlement (TME) is a phenomenon of catastrophic reduction 
of material toughness, that occurs in the tempering range of  250-400 °C (33, 34). 
TME is thought to result from the combined effects of cementite precipitation on 
prior-austenite grain boundaries (PAGBs) or interlath boundaries and the 
segregation of impurities at PAGBs. During carbide precipitation, these 
segregations are strengthened by the rejection of P, Sb, As from the growing 
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carbides.  The segregation of these elements weakens the adhesion of the grain 
boundary, and cracks form preferably at carbides that precipitate there. The fracture 
mode is interlath cleavage or largely transgranular cleavage. TME is irreversible, 
because of the difficulty in re-dissolving carbides. 
Temper embrittlement (TE) is an embrittlement condition that develops in alloy 
steels after tempering for relatively long times or cooling slowly through the 
temperature range 375 to 575°C (34). Similar to TME, it is caused by segregation of 
harmful impurities to the grain boundary. It is manifested primarily by an increase 
of impact transition temperature. TE is reversible, and de-embrittlement may occur 
on heating to about 575°C for only few minutes. 
Tendency of some elements to change grain boundary cohesion is summarized by 
Seah (35). 
 
Figure 6: The plot showing sublimation enthalpy 𝐻𝑖
𝑠𝑢𝑏∗of different elements with 
lattice parameter𝑎𝑖. For an iron matrix the elements that have a higher sublimation 
enthalpy that of Fe (lie above the dashed line) increase a grain boundary cohesion 
while those with a lower value embrittle the matrix (35, 36). 
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According to the diagram in Figure 6, intergranular fracture in less pure iron can be 
eliminated by adding small amount of C or B (37, 38), which enhances the 
intergranular cohesion strength. These observations are supported by first principles 
calculations (39), which show that C and B strengthen bonds across the grain 
boundary plane; this is in contrast to impurities with high electronegativity like 
phosphorus or sulfur, which the calculations show to reduce intergranular cohesion 
(39). Embrittlement can be also suppressed by addition of Mo (40) and V. It is also 
known, that Mo reduces susceptibility to TE, in amount of 0.5% or less, and 
forming (Mo,Fe)3P or Mo-P atom clusters, which prevent the segregation of 
phosphorous to grain boundaries. However, prolonged heating in the temper-
embrittlement temperature range can eliminate the beneficial effect of these 
elements by precipitation of Mo-and V-rich carbides. 
The N influence on the grain boundary cohesion (41) is reported by Takahashi to be 
similar to the effect of carbon, but weaker. Furthermore, enrichment of the grain 
boundary with nitrogen barely influences the Hall-Petch coefficient. On the other 
hand, ab-initio electronic structure calculations of N on the grain boundary (42) 
show that N weakens the intergranular cohesion resulting in ‘loosening’ of grain 
boundaries.
 
1.6. Segregation thermodynamics 
The segregation tendency of solute atoms can be approximated by its bulk 
solubility: a small bulk solubility promotes a high enrichment of that element at the 
interface. With the decrease of temperature, the solubility of the second element in 
the matrix typically reduces. The dissolved atoms have to escape from the matrix 
and form a new phase or go to more favorable distorted regions like dislocations 
and grain boundaries. Solute atoms typically decrease the interfacial free energy. 
Solute atoms of larger size than solvent atoms, by replacing the latter, help to fill the 
gaps at the interphase, and atoms of smaller size will help to relieve compression 
stresses (43). 
12  Literature review     
 
 
There are several approaches to characterize segregation behavior of solutes. The 
basic thermodynamics of the grain boundary were described by Gibbs, where he 
introduced an interface excess and adsorption concept, which determine how much 
bulk substance density in the boundary differs from the one in the crystal bulk (44). 
The Gibbs adsorption isotherm 
Г𝐼,𝑀
Ф = −1/𝑅𝑇(𝑑𝜎/𝑑 𝑙𝑛𝑥𝑖)𝑃,𝑇  Equation 1 
provides a relation between adsorption Г𝐼,𝑀
Ф  and the change of interface energy 𝜎 
with a molar fraction 𝑥𝑖 of the solute in the bulk (36). Although the Gibbs 
adsorption isotherm enables a quantitative analysis of segregation, it’s practical use 
is rather complicated due to a complexity of surface energy measurement as a 
function of temperature and bulk concentration.  
McLean (43) has shown that a grain boundary segregation (adsorption) of a solute 
as a function of time can be described by the following equation: 
𝐶gbt−𝐶𝑔𝑏0
𝐶𝑔𝑏∞−𝐶𝑔𝑏0
= 1 − 𝑒𝑠𝑝 {
4𝐷𝑡
𝛿²𝛼₂²
} 𝑒𝑟𝑓𝑐 {
2√(𝐷𝑡)
𝛼²𝛿
}  Equation 2 
Where 𝐶𝑔𝑏0 is the initial concentration on the grain boundary at time 𝑡 = 0, 𝐶𝑔𝑏∞ is 
the equilibrium concentration at t=∞, D-diffusion coefficient, δ is the grain 
boundary thickness, and α2 is the ration Cgbo/ Cgb∞. This equation shows that the 
grain boundary concentration builds up relatively quickly to about half its 
equilibrium value but the rate slows down as higher concentrations are reached (45). 
The Langmuir-McLean (43, 46) approach is based on equality of Gibbs energy of 
the components in equilibrium. It approximates grain boundary segregation 
kinetically by identifying the difference in adsorption and desorption rates. The 
Langmuir-McLean isotherm reads 
𝑥𝑖
𝐺𝐵/(𝑥𝑖
𝐺𝐵,0 − 𝑥𝑖
𝐺𝐵) = 𝑥𝑖
𝐵/(1 − 𝑥𝑖
𝐵)exp (−∆𝐺𝑖
𝐺𝐵/𝑅𝑇) Equation 3 
Where 𝑥𝑖
𝐺𝐵 is the molar GB occupation fraction of element i, 𝑥𝑖
𝐺𝐵,0
 the molar GB 
fraction of the same element in saturation, 𝑥𝑖
𝐵 is the molar concentration of i in the 
bulk, and ∆𝐺𝑖
𝐺𝐵
 is the free molar energy of segregation. Grain boundary enrichment 
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factor (segregation coefficient) 𝛽𝑖 for a dilute solution can be calculated as: 
𝛽𝑖 =
𝑥𝑖
𝐺𝐵
𝑥𝑖
𝐵 = exp (−∆𝐺𝑖
𝐺𝐵/𝑅𝑇) 
The Langmuir-McLean relation states that GB segregation occurs for 0 GBiG , 
that GB coverage increases with the bulk solute content and that segregation drops 
with increasing temperature. The summary of experimentally identified coefficients 
is presented in Figure 7. 
 
Figure 7: Grain boundary segregation data for some Fe, Ni and Cu alloys. From 
(47). 
Even though a temperature and solubility effects show a good linear fit, the real 
segregation behavior within one system is more complex. So, it has been shown by 
Lejcek (48, 49) that segregation enthalpy is strongly dependent on the 
misorientation angle and the grain boundary type. Special coherent Ʃ Coincidence 
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Site Lattice (CSL) grain boundaries have energy much lower than a typical high 
angle grain boundary and therefore contain less segregation. 
 
 
1.7. Segregation to dislocations  
Dislocation as a non-equilibrium crystal defect acts as a source of internal stress in 
the crystal. An edge dislocation contains an extra half plain above the slip plane 
which causes extra compression; the region below is in tension. The stresses of an 
edge dislocation are found to be: 
 𝜎𝑥𝑥 = −
𝐺𝑏𝑦
2𝜋(1−𝑣)
(2𝑥2+𝑦2)
(𝑥2+𝑦2)2
; Equation 4 
 𝜎𝑦𝑦 =
𝐺𝑏𝑦
2𝜋(1−𝑣)
(𝑥2−𝑦2)
(𝑥2+𝑦2)2
 Equation 5 
Where 𝑏 is a Burgers vector, 𝐺-elastic modulus, 𝑣-Poisson ratio. A rough 
estimation of a stress field for an edge dislocation in bcc-Fe results in ~4.5𝐺𝑃𝑎. 
Due the high stress field point defects (vacancies, interstitial and substitutional 
atoms) interact with the dislocation. A well-known example in bcc-Fe is a 
dislocation interaction with C atoms, which was first studied by Cottrell and Bilby 
(50, 51). C segregation alters mechanical properties, as extra stress is required to 
overcome an attractive dislocation-atom interaction and move the dislocation away 
from the solute atoms (52). Such a dislocation “locking” is a basis of static (53) and 
dynamic (54, 55) strain ageing (or Portevin-Le Chatelier effect). Static strain ageing 
appears as a discontinuous yielding, and dynamic strain ageing as a serrated stress-
strain curve. 
  
 
2. Materials and Methods 
Several techniques were used to thoroughly characterize the microstructure and 
mechanical properties of the investigated alloys. A complex microstructure 
characterization starting from optical microscopy to high resolution TEM analysis 
was performed, chemical analysis employed EDX as well as APT techniques, and 
finally mechanical characterization included impact test, hardness measurements 
and tensile tests. Most of these techniques are described in this chapter. 
2.1. Material preparation route 
A nominal model composition of 9 wt% Mn (Mn9) was chosen to ensure complete 
formation of lath martensite upon quenching in water or oil. The impurity content 
was reduced to a negligible level to eliminate the influence of any elements other 
than Mn. Addition of 30 ppm B in the second model alloy Mn9+B was done to 
ensure the suppression of a P induced temper embrittlement (37, 38, 56) and 
additionally to enhance grain boundary cohesion (57). At the same time, in order to 
prevent precipitation of boron nitrides, 0.05wt% of Ti and Al were added to the 
alloy, as these elements have a high affinity to nitrogen. The third high purity alloy 
Mn9+C with 0.1wt% C was created to study the effect of C on temper 
embrittlement and dislocation pinning. The alloys were cast to a rectangular billet of 
4 kg in a vacuum induction furnace. The slabs were hot-rolled at 1100 °C from 60 
to 6 mm thickness and then water quenched. Subsequently, highly segregated edges 
of the slab were cut off. The billets were reheated to 1100 °C for 1 hour to minimize 
Mn banding. Alloy Mn9 and Mn9+C were then water quenched while Mn9+B was oil 
quenched to ensure B segregation to grain boundaries during cooling. Table 1 summarizes 
the chemical composition after homogenization according to wet chemical analysis. In 
the equilibrium state at room temperature the alloy composition is in a two phase 
field (ferrite and austenite). After water quenching from the homogenizing 
temperature the alloy is fully martensitic, which was proven by XRD and high 
resolution EBSD analysis. 
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Table 1: Chemical compositions of the two high purity model alloys Mn9 and 
Mn9+B.  
Alloy      wt.%       wt. ppm  
 
Mn C Ni Mo Ti Si Al S P O N B 
Mn9 9,04 49 <10 <20 <10 24 <20 24 <10 250 35 <10 
Mn9+B 8,80 85 580 47 338 61 331 44 <10 24 20 27 
Mn9+C 8,98 1260 <10 <10 <10 28 <20 28 <10 70 33 <10 
 
2.2. Impact toughness measurement 
For the present experiments an impact testing machine with a maximum impact 
energy of 15 J was used. Impact toughness was measured with the help of subsize 
3x4x27 mm
3
 Charpy V test pieces according to the German Industry Norm DIN 
50115. Geometry and orientation of test pieces is presented in Figure 8. The testing 
temperature was controlled by a thermocouple welded on the specimen surface. To 
reach the testing temperature of a specimen, it was undercooled 20 K below and 
fractured once temperature reaches the intended one. The ductile-to-brittle transition 
temperature (DBTT) was determined as the temperature corresponding to the half 
value of the upper and lower energy sum, determined from the Charpy impact 
curve. 
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Figure 8: Geometry of an impact specimen. 
 
2.3. Hardness measurement 
Hardness measurements were performed on the fractured impact toughness 
samples. The indentation was done on a flat polished surface away from the 
deformation affected zone. Hardness was measured with a Vickers hardness testing 
machine 3212 Zwick. Measurement of diagonals from the pyramid indenter was 
taken with the help of a light microscope and software Testexpert (Zwick). The 
testing procedure was performed according to a standard ISO 6507-1 with a load of 
49,05N (HV5) applied for 12 seconds. 
 
2.4. Scanning electron microscopy 
Scanning electron microscopy (SEM) provides detailed information on surface 
topography via secondary electrons (SE), and surface chemistry via backscattered 
electrons (BSE). In addition, SEM provides crystallographic information via 
electron backscatter diffraction (EBSD). For investigation of fracture surfaces, 
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impact toughness specimens were analysed with SEM model EOS CamScan 4 using 
SE imaging. The acceleration voltage 20kV was implied. 
High resolution EBSD analysis was done with high resolution SEM JEOL JSM 
6500 with EBSD detector and acceleration voltage 15kV. All EBSD analysis was 
performed on mechanically polished samples. 
 
2.5. Atom probe tomography 
Atom Probe Tomography (APT) has a capability of 3D analytical mapping of 
materials at atomic scale resolution and with ppm detection sensitivity for all 
elements (58–60). 
The main underlying physical processes are field ionization and field evaporation 
(59, 61). By applying a high field to a needle like specimen, surface atom bonds 
break and cause ionization. In a laser mode, ultra-short laser pulses (100 fs to 10 ps) 
are applied to the specimen and evaporation of atoms arises due to thermally 
assisted field evaporation. 
With an increase of a sample radius the required evaporation field should increase 
as well. The dependence of field evaporation 𝐹, applied voltage 𝑉, radius 𝑅 and a 
field factor 𝑘𝑓 can be written as: 
𝐹 =
𝑉
𝑘𝑓𝑅
. Equation 6 
The basic information, obtained from this technique is a sequence of atomic 
coordinates and their mass to charge ratio. After the experiment this data is typically 
reconstructed into a representation of analyzed volume. The resulting reconstruction 
volume is a truncated cone in which the radius increases during the experiment due 
to the taper angle of needle-shaped specimen. In modern instruments datasets 
contain several million atoms. The summary of the measurement principle is 
schematically represented in Figure 9. 
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Figure 9: Schematic image of a local electrode atom probe (LEAP) with a 
microchannel detector plate at the end of the time of flight mass spectrometer, 
Voltage and laser pulsing modes of field evaporation are shown here. 
Typical detection efficiency is 40-60% of the ions removed from the specimen. The 
loss is mainly due to some atoms landing on an interchannel regions in the position 
sensitive detector and thereby not being detected (60). 
The site-specific atom probe specimens were prepared using a FEI Helios NanoLab 
600i dual-beam FIB/SEM instrument. For a correlative TEM-APT investigation the 
specimens were extracted from the surface of the bulk material by standard FIB lift-
out procedures, deposited on a bisected, electropolished TEM grid, sharpened to tip 
radii of <100 nm and subsequently imaged by TEM and analyzed by APT as 
described by Herbig (62). A schematic drawing of the holder system is shown in 
Figure 10. 
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Figure 10: A schematically shown holder system, designed for a correlative TEM-
APT analysis.(a) sample milling by focused ion beam, (b) transmission electron 
microscopy, (c) atom probe tomography (62). 
For a site-specific preparation of PAGSs an EBSD analysis was employed prior to 
the lift out procedure to find a randomly oriented PAGB. In this preparation method 
grain boundaries were prepared parallel to the analysis direction of the tip. The 
sample preparation route is summarized in Figure 11. Samples were mounted on a 
pre-fabricated Si micro tip array. Subsequently annular milling was used to shape 
the posts into the form of sharp tips with radii <100nm. 
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Figure 11: Site specific APT preparation of PAGB (a) EBSD scan with a marked 
PAGB; (b) SEM image of a FIB milled grain boundary, containing 6 tips; (c) before 
an annular milling of the tip. 
APT characterization was conducted on a LEAP 3000X HR instrument (Cameca), 
at a base temperature of 50±4 K. An ultrafast pulsed laser of ~10ps pulse width and 
532nm wavelength was applied at a frequency of 250 kHz and a laser pulse 0.4nJ. 
The detection rate (target evaporation rate) was amounted to 3-7 atoms per 1000 
pulses. Reconstruction was carried out using commercial software (Cameca 
IVAS®) following the protocol introduced by Geiser et al. (63). TEM images of the 
atom probe samples were used as templates to fine-tune the parameters to ensure the 
accuracy of the reconstruction of the 3D atom maps. 
Application of atom probe is not limited to 3-D compositional measurements. In 
some cases a special resolution prove to be sufficient to resolve crystallographic 
planes oriented perpendicular to the direction in which analysis was performed (64). 
Due to the difference in evaporation field of low indexed crystallographic directions 
the dencity difference appear on a detector hit map as a pole pattern similar to 
Kikuchi pattern in electron backscaterred techniques. Three non-coplanar directions 
are sufficient to determine the full orientation of grains. Additionally, 3-D Hough 
transforms coupled with fast Fourier transforms are used to extract crystallographic 
plane orientations in atom probe data (65). 
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2.6. Transmission electron microscopy 
Inasmuch as APT shows mostly chemical information, it is possible for some 
datasets to extract crystallographic information. However, in most cases usage of 
transmission electron microscopy (TEM) is comprehensive before a destructive 
APT analysis. In this case a correlative APT analysis (in the very same location) 
was done using a special holder which was designed by Herbig (62). TEM was 
conducted in a JEOL JEM-2200FS operated at 200 kV. 
However, due to the conical shape of the APT tip a high resolution TEM 
measurement is impossible. Therefore, an TEM additional analysis on thin films is 
required. In the present work thin foils were prepared by FIB milling, using a 
standard procedure. Alternatively, to avoid FIB milling artefacts, some samples 
were prepared by a standard jet-electropolishing technique, using a solution of 5% 
perchloric acid in 95% acetic acid at room temperature. 
Analysis of internal structure and grain boundaries was done in a Philips CM20 
TEM with acceleration voltage 100kV. High-resolution TEM (HRTEM) was 
performed with a FEI Titan 30-300 ETEM at 300 kV. Fast Fourier Transform (FFT) 
analysis of the HRTEM micrographs was carried out using Gatan Digital 
Micrograph Software. 
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3. Segregation to grain boundaries 
This chapter will concentrate on segregation driven grain boundary embrittlement in 
Mn9, Mn9+B and Mn9+C alloys. Besides, the mechanisms of embrittlement, some 
solutions to overcome it will be discussed here. 
 
3.1. Embrittlement in Mn containing steels 
An idea of substituting expensive Fe-Ni alloys for cryogenic applications appeared 
in 1970
th 
(5, 66–68). Mn was chosen as a cheaper element that still produced a very 
similar lath martensite microstructure and mechanical properties that are similar to 
those of Fe-Ni alloys. However, ferritic Fe-Mn alloys tend to undergo strong 
embrittlement at low temperatures (66). Among the possible explanations of the 
embrittlement in medium Mn alloys segregation of both, P and N (67) or N alone 
(69) were suggested to reduce grain boundary cohesion. Bolton and Petty (70) 
speculated that the Mn/Si ratio controls the susceptibility to temper embrittlement. 
In their study the role of N and C remained unclear though. It has been observed 
that the addition of Mn shifts the ductile to brittle transition temperature (DBTT) 
towards higher temperatures (11). It was assumed that the higher Mn content 
enhanced the effect of harmful impurities (70, 71). Different solutions were 
suggested to lower the DBTT in medium Mn steels, e.g. by micro-alloying with Mo 
(70) or B (56), introduction of stable austenite (13, 68) or grain refinement (5). 
Although the mechanical properties were indeed improved in most of these 
approaches, medium Fe-Mn steels could not be used at liquid nitrogen temperature 
(68), hence, they were not suited for structural applications at very low 
temperatures. 
Recently, medium Mn steels (3-12%) received high attention as third generation 
high strength steels (2, 72, 73) owing to their excellent mechanical properties. 
Adding Ni and Al by 1-3 wt% promotes precipitation hardening in the martensite 
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matrix (1, 4). Minor addition of C (up to 0.2wt%) improves austenite reversion 
kinetics, austenite stability and increases strength (2). In this context the 
requirement returns to better understand tempering embrittlement in the Fe-Mn 
system. Wilson and Nasim recently (71) proposed that segregation of Mn, N, P to 
grain boundaries is the main cause for the embrittlement, but later admitted that 
segregation of Mn alone, i.e. even in the absence of N and P, could be a possible 
reason for embrittlement too (12). Nam and Heo (74) performed Auger Electron 
Spectroscopy measurements on an embrittled surface of a Fe-12wt%Mn alloy and 
attributed this to a direct solute embrittling effect caused by Mn, but the surprising 
effect of toughness retrieval at 400 °C at longer annealing times was not studied. 
Using a Yoffee diagram, Kwon (29) explained the intergranular fracture of Fe-
8wt%Mn in the quenched state in terms of a higher matrix strength compared to the 
cohesion of the grain boundaries, which he probed by nanohardness. However, 
when adding 40ppm C to Fe-8wt%Mn, intergranular fracture is not observed even 
at -196°C despite of a lower hardness of the grain boundary region compared to that 
of the matrix. Also, no analysis of material in the as-tempered state was conducted 
and it is unclear whether the relative difference of matrix and grain boundary 
hardness would further increase with tempering time. 
In order to utilize Mn segregation (74) for grain boundary engineering (47) a better 
understanding of the underlying mechanisms that lead to grain boundary 
embrittlement, is required. Atom probe tomography (APT) with its capability of 3D 
analytical mapping of materials at atomic-scale resolution and with ppm detection 
sensitivity for all elements (58–60) is an ideal tool to quantitatively study grain 
boundary segregation even in the initial stage of tempering. Thus, the goal of this 
work is to quantify grain boundary segregation in Fe-9wt%Mn by applying APT for 
gaining better understanding of the atomistic mechanisms of both, solute Mn-driven 
grain boundary embrittlement and the opposite trend promoted by martensite-to-
austenite reversion at interfaces. 
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3.2. Materials 
Three alloys Mn9, Mn9+B and Mn9+C were investigated in this part. Table 1 
summarizes the bulk chemical compositions after homogenization according to wet 
chemical analysis. 
Following a homogenization and quenching procedure, final heat treatment was 
conducted at different temperatures between 400 °C and 600 °C (in a two phase 
region (α+γ)) for a period between 10 s. to 860 hours and then water quenched. 
Short heat treatments were performed in a liquid tin bath. Long heat treatments 
(more than 10 min) were performed in an air circulated furnace. 
 
3.3. Experimental results 
 Mechanical properties 3.3.1.
In the as quenched condition the hardness of the alloys Mn9, Mn9+B and Mn9+C is 
288±3 HV5, 288±8 HV5 and 491±13 HV5. The prior austenite grain size is 50μm, 
30μm and 49μm respectively. The ductile to brittle transition temperature (DBTT) 
was calculated as the temperature of half of the sum of the upper and lower shelf 
energies. A DBTT of 20 °C was determined for the as-quenched alloy Mn9. 
Addition of B increased the energy of the upper shelf and shifted the DBTT to -
40°C (Figure 12). Addition of 100 ppm of C, on the opposite, decreased energy of 
the upper shelf and increased the DBTT to 50 °C. For a better comparison of impact 
toughness values among the investigated alloys and for confining the number of 
experiments further impact toughness tests were conducted at room temperature for 
all alloys. 
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Figure 12: Ductile to brittle transition temperature (DBTT) curves of high purity 
Mn9, Mn9+B and Mn9+C. 
 
Figure 13: An EBSD map, showing an actual crack propagation pass (red line) 
during an impact toughness experiment of Mn9 alloy, tempered at 450 °C for 1 
hour.  
The impact toughness of Mn9 tempered at 450 °C and 600 °C is shown in Figure 
14a. It drops at both tempering temperatures already after 10 s. During this short 
tempering exposure the fracture mode changed from the mixed intercrystalline-
ductile in the quenched state (Figure 15a) to a fully intergranular failure after 
tempering at 450 °C (Figure 15b). The crack propagates along PAGBs, which is 
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shown in Figure 13. Two EBSD maps were done before and after the impact 
toughness test on the same sample in order to inquire an exact crack propagation 
pass. The red line in Figure 13 shows a crack pass on a sample prior to fracture.  
The crack propagates along randomly oriented PAGBs, which shows that they are 
the weakest crack propagation path in the microstructure.  
The impact toughness curve of Mn9 in Figure 14a shows a convex profile with an 
increase after longer holding times, i.e. 30 s. at 600 °C and 672 hours at 450 °C, 
respectively. An examination of the fracture surface after 672 hours at 450 °C 
revealed a small fraction of ductile dimples next to intergranular facets. Upon a 
careful analysis of intergranular failure after a long holding time a microdimpled 
structure of grain boundaries was revealed, which is known as pseudo-
intercrystalline brittleness (75). After 3 min. of tempering at 600 °C the fracture 
mode is predominantly ductile (Figure 15d), with a small fraction of brittle 
intercrystalline fracture in the center of the fractured surface, where a triaxial stress 
state prevails.  
Alloy Mn9+B displays impact properties which are similar to those of Mn9. After 
tempering at 450 °C a decrease in impact toughness was measured, which is 
delayed in comparison to Mn9 though.  
The hardness results of Mn9 in Figure 14b reveal an instantaneous decrease of 
hardness at 600 °C and a slow decrease, followed by a small increase in the 
beginning of tempering at 450 °C. The slight increase of hardness in both samples 
Mn9 and Mn9+B (Figure 14b,d) has been earlier attributed to the formation of MnN 
as suggested by Nasim (71), however, no MnN was observed in any of our 
measurements. An underlying reason for this effect lies in an observed static strain 
ageing effect by segregation of Mn to dislocations (76) as will be shown in the next 
chapter. 
Alloy Mn9+C exhibits a brittle intercrystalline fracture mode already in the 
quenched state at room temperature. After tempering at 450 °C room temperature 
impact toughness further decreases from 0,55 to 0,2 Joule after 1 minute of 
tempering. In comparison to Mn9 and Mn9+B, hardness decreases instantaneously 
in this this alloy both at 450 °C and 600 °C tempering temperatures. However, a 
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similar increase of toughness at 600 °C is observed in all three model alloys, as 
shown in Figure 14e. 
 
Figure 14: Influence of annealing time and temperature on a) room temperature 
impact toughness of alloy Mn9; b) hardness of Mn9; c) room temperature impact 
toughness of a tempered Mn9+B; d) hardness of Mn9+B; e) room temperature 
impact toughness of a tempered Mn9+C; f) hardness of Mn9+C. The annealing time 
scale is linear before the break and logarithmic after the break. 
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Figure 15: Scanning electron micrograph of fracture surfaces of Mn9, fractured at 
25 °C. a) quenched state; b) after annealing at 450 °C for 10 s.; c) after annealing at 
450 °C for 672 hours with a magnified image; d) after annealing at 600 °C for 3 
min. 
The effect of material strength on fracture properties is summarized by the Yoffee 
diagram (28, 77), which states that when the peak stress at the crack tip reaches the 
yield stress first, the fracture is ductile. If the brittle fracture stress is reached before 
the yield stress then the crack propagates in a brittle mode. To understand the 
correlation between the hardness and the return of the toughness for Mn9 a series of 
heat treatments in the temperature range 400 °C-600 °C was conducted. The 
tempering time for sample Mn9 was chosen in a way to keep the Mn diffusion 
distance constant at a level of 37nm for all the cases. The diffusion distance was 
calculated from the Equation 7. 
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𝑥𝑀𝑛 = √6𝐷𝑡 = √6𝐷0𝑒𝑥𝑝 − (
𝑄
𝑅𝑇
) 𝑡 = 37 𝑛𝑚  Equation 7 
where 𝐷0 the diffusion constant was taken 1,49 ∙ 10
4 𝑚2/𝑠 and the activation 
energy 𝑄 233,6𝑘𝐽/𝑚𝑜𝑙. The so resulting ‘equal-diffusion-distance’ tempering times 
vary from 4 min at 600 °C to 860 hours at 400 °C. The resulting variation in 
hardness and impact toughness is shown in Figure 16. The impact toughness shows 
a decrease as well as an increase of impact energy in comparison to a quenched 
state and resembles a DBTT curve with a transition temperature around 540 °C. 
Yet, after all tempering treatments the hardness decreased from a quenched state 
and show nearly a constant value. This gives a strong indication that in a medium 
Mn alloy a reversion of toughness at 450 °C and 600 °C is not primarily connected 
to material hardness but instead to another diffusion driven toughness recovery 
mechanism. 
 
Figure 16: Impact energy and hardness of the model alloy Mn9 plotted as a function 
of annealing temperature. The annealing time (ranging from 860 hours for 400 °C to 
4 min at 600 °C) was adjusted to assure the same diffusion length for Mn (37nm) 
for all the heat treatments. 
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 APT results 3.3.2.
Besides hardening embrittlement (27, 78), a decrease in grain boundary cohesion, 
caused by segregation (48) of harmful impurities is a possible reason for 
intergranular embrittlement. In order to differentiate between the two mechanisms 
APT was performed on PAGBs in both model alloys, Mn9 and Mn9+B, in the as-
quenched state and after tempering for different times at 450 °C and 600 °C. 
Several grain boundaries were probed for each sample condition. Some insignificant 
variations in composition were observed among measurements conducted on the 
same tempering state. Such compositional variations along one grain boundary had 
been revealed before by Miller (79), Krakauer (80) and Herbig (62). In the present 
study, therefore, average Gibbsian interfacial excesses values are presented. 
In the as-quenched state in the Mn9+B alloy no evidence was obtained for 
segregation of any harmful elements (P, Sn, Sb, Si or As, N, O). A typical dataset is 
shown in Figure 17a. In this case segregation of B and Ti occurred during slow 
cooling after homogenization heat treatment. When probing the composition across 
the grain boundary no segregation of Mn was detected. In the alloy Mn9 in the as-
quenched state no segregation of Mn or P is expected because the material was 
immediately water quenched from austenite. This result is in agreement with an 
AES measurement of Nasim (71) and the APT measurements of Kwon (29). 
Surprisingly, the alloy with C addition Mn9+C in the quenched state contains Mn 
excess atoms, as shown in Figure 18c. 
After tempering at 450 °C for 1 min the alloy Mn9 becomes brittle, revealing a 
fracture path along the PAGBs. Ion distribution maps in Figure 17b show slight 
segregation of C and B to the grain boundary. No segregation of P or any other 
harmful element was found. Absence of N segregation to the grain boundary 
confirms that this effect cannot be the cause for grain boundary embrittlement in the 
as-quenched state, as was considered in (69, 71). Figure 17d shows enrichment of 
Mn at the grain boundary of up to 11 at% in the form of a 1D concentration profile. 
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Figure 17: (a) APT results of Mn9+B in as-quenched state. Top and side views of 
the dataset with the corresponding element distribution maps revealing the 
accumulation of C, B, Ti on the PAGB and a homogeneous distribution of Mn, P 
and N. A corresponding 1D concentration profile (c) shows homogeneous 
distribution of Mn, enrichment of C, B; (b) APT results obtained on Mn9 tempered 
at 450 °C for 1 min. 3D side view and top view of the dataset of the same region, 
with the corresponding element distribution maps revealing the accumulation of C, 
Mn on the PAGB and a homogeneous distribution of P; a corresponding 1D 
concentration profile is shown in (d). 
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Figure 18: Mn9+C in an as quenched state; (a) shows an ion distribution map of Mn 
and C; (b) shows a 1-D concentration profiles for Mn and C across a cylindrical 
unit; (c) excess value calculation for C atoms, where a Cumulative number of atoms 
is plotted against a cumulative number of C atoms. 
Figure 19a, b shows concentration profiles across PAGBs in Mn9+B after 
tempering for 10 min and 60 min, respectively. An increase in Mn and decrease in 
B segregation levels is also observed. 
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Figure 19: Grain boundary concentration profiles in Mn9+B (a) after tempering at 
450C for 10 min; (b) after tempering at 450 °C for 1 hour. 
Alloy Mn9 was tempered further for an extended period of time. With increasing 
holding time at 450 °C the Mn concentration on the PAGB increases and reaches 
~18at% Mn after 48 hours. However, surprisingly, after 336 hours tempering at 450 
°C the grain boundary concentration strongly decreased to a value of only 8 at% 
Mn. Figure 20a provides an ion map containing a grain boundary (top) together 
with a concentration profile across the grain boundary (bottom). 
The concentration of Mn and C on the grain boundary has decreased, while the P 
concentration has not changed. Figure 20b reveals a Mn-rich phase on a grain 
boundary. C is enriched inside this phase and P is pushed out of it onto the phase 
boundary. Such a redistribution of the elements is explained by means of a lower 
solubility of P and higher solubility of C in austenite than in ferrite. The present 
observations suggest that the Mn-rich phase in the Figure 20b is referred to 
austenite. Another example of austenite reversion after tempering at 450°C is shown 
in a similar alloy with Fe-12wt% Mn in Figure 21. 
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Figure 20: Mn9 at 450 °C after 336 hours. (a) PAGB and corresponding 1D 
concentration profile (c) across the GB. It is enriched with Mn, C and P; (b) Mn-
rich phase and corresponding 1D concentration profile (d) across the austenite 
reversion zone. Enrichment of up to 32at% Mn and 0.7 at% C are observed. Small 
enrichment of P is found on the phase boundary. 
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Figure 21: Fe-12wt%Mn after 50% cold rolling and tempering at 450 °C for 6 
hours. (a) ion map, showing Mn atoms and isosurfaces with 15,5 at% Mn; (b) 1-D 
concentration profile along the cyan cylinder unit; (c) proxigram of the line features, 
highlighted by isosurfaces. 
After 336 hours the austenite islands can be detected by APT, but they are too small 
and cannot be detected by high resolution EBSD. After 2760 hours of tempering the 
two phase structure consisting of relaxed martensite and reversed austenite evolves 
further and can be mapped by EBSD as shown in Figure 23. Austenite islands 
preferentially nucleate at triple junctions, intersections of lath and high angle grain 
boundaries and at PAGBs as was observed before for Fe-Mn (7, 81) and Fe-C (82–
84) systems. Herewith, a Mn distribution at this stage of tempering can be depicted 
by EDS analysis, as shown in Figure 24. 
To undestand the the difference between embrittled and high toughness GB states 
after tempering, an APT analysis of PAGBs in a high toughness regime after 
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tempering at 600 °C was performed. The results of a measurment after 600 °C for 
10 min in Figure 22a, b reveal a slight enrichment of Mn on a PAGB, which is, 
however, lower than a nominal Mn concentration in the alloy. 
 
Figure 22: (a) Ion distribution map of Mn9, tempered at 600 °C for 10 min, 
containing a PAGB; corresponding 1D concentration profile across the boundary is 
shown in (b); (c) ion distribution map of Mn9, tempered at 600 °C for 10 min 
followed by 450 °C 3 hours; side view of a PAGB, containing g a carbide particle 
(d) 1D concentration profile across PAGB (e) 1D concentration profile across a 
carbide particle, which is highlighted by a 18 at% Mn iso-concentration surface. 
Table 2 displays absolute grain boundary concentrations and excess values of Mn, 
C, B and P for different tempering states for both model alloys Mn9 and Mn9+B. 
Figure 25 summarizes grain boundary excess values for Mn9 and Mn9+B for better 
visual comparison. Absolute concentrations are easier to understand, but they do not 
necessarily reflect thermodynamic mechanisms and do not contain changing matrix 
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compositions. An excess value averages the grain boundary composition and is 
independent of APT reconstruction and evaporation artifacts (58). Examples of such 
effects are for instance local magnification effects: this is visible e.g. in Figure 19b 
in terms of the broad apparent lateral extension of the segregation or in the form of 
a segregation asymmetry such as observed in Figure 20. Interfacial excesses values 
were calculated according to the method of Krakauer and Seidman (80). Differences 
in segregation level depend on the grain boundary type and misorientation angle 
(62, 85, 86). Here, only PAGBs with random misorientation were investigated to 
minimize the influence of the misorientation effect. 
 
Figure 23: EBSD phase map with an image quality grayscale of a) Mn9 after 
tempering at 450 °C for 2760 hours. Small austenite regions decorate triple points, 
PAGBs and HAGBs and LAGBs; b) Mn9+C after tempering at 450 °C for 672 
hours. Cementite and austenite forms along GBs.  
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Figure 24: Energy-dispersive X-ray spectroscopy (EDS) analysis of Mn9 after 
tempering at  450 °C for 672 hours. Mn distribution along PAGB reveals strong and 
weak depletion zones. 
Table 2: Grain boundary segregation values: Absolute chemical concentration and 
excesses concentration for both model alloys, Mn9 and Mn9+B. 
Alloy, treatment Concentration (at.%) Excess values Γ(atoms/nm²) 
 Mn C B P Mn C B P 
Mn9+B, quenched 8.3 1.1 2.4 0.01 0 1.20 2.8 0 
Mn9+C, quenched 9.8 1.55 - 0.03 1.53 1.83 - - 
Mn9, 450 °C 1min 12.1 0.7 - 0.01 4.80 1.10 - 0 
Mn9+B, 450 °C 10 min 11.0 1.2 0.7 0.06 2.40 1.24 1.26 0.09 
Mn9+B, 450 °C 1 hour 16.5 0.4 0.5 0.2 5.10 1.10 0.60 0.20 
Mn9,  450 °C 48 hours 18 1.6 - 0.65 9.80 0.60 - 0.50 
Mn9, 450 °C 336 hours 8.0 0.7 - 0.50 4.98 1.12 - 0.55 
Mn9, 600 °C 10 min 8.2 0.9 - 0.04 5.05 1.16 - 0 
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Figure 25: Evolution of grain boundary excess values vs tempering time at 450 °C 
for both alloys, Mn9 (solid line) and Mn9+B (dashed line). The annealing time scale 
is linear before the break and logarithmic after the break.
 
3.4. Discussion 
 Grain boundary segregation and embrittlement 3.4.1.
After tempering at 450 °C for 1 min the embrittled grain boundaries in the model 
alloy Mn9 are enriched with C (1.1 atoms/nm²) and Mn (4.8 atoms/nm² excess). 
This observation indicates that one of these two elements or their combination 
promotes grain boundary decohesion. It should be underlined that neither As, Sb, 
O or N enrichments were found on the embrittled grain boundaries and also no P 
enrichment, at least after 1 min of tempering at 450 °C. For comparison, 
Duchateau (13) detected P segregation in microduplex 6-9% Mn steels by AES 
and claimed it as a reason for embrittlement. In our alloy no P segregation was 
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detected due to its ultralow nominal content, i.e. our material contains less than 20 
ppm in comparison to 30 ppm P in the material probed by Duchateau (13). The 
effect of C on grain boundary cohesion is generally believed to be positive, as has 
been theoretically shown by Wu (87) and Seah (35). Also, enrichment of C was 
observed on the grain boundary in Mn9 after tempering for 10min at 600 °C. In 
this state the alloy was not brittle and this leads to the conclusion that there is no 
negative effect of C on impact toughness. On the contrary, recent studies on the 
effect of Mn on grain boundary strength in Fe reveal that Mn can lead to direct 
embrittlement (88, 89). Experimental results of Nikbacht (12) and Nam (74) also 
showed Mn segregation to grain boundaries in a binary medium Mn steel. They 
suggested that Mn can embrittle PAGBs.  
An unexpected high segregation level of Mn after 1 min tempering at 450 °C 
(Figure 17d shows Mn enrichment up to 11 at% for this case), which is higher than 
estimated by a Mn diffusion length of 0.7 nm and a surprisingly instantaneous 
embrittlement already after 10 s. of tempering at 450 °C might be explained by 
either non-equilibrium segregation of Mn, occurring either by C-Mn complexes 
(90), by vacancy-Mn pair formation, or by grain boundary relaxation (88). Till now 
there is no confirmation of non-equilibrium segregation of Mn to martensitic (bcc) 
grain boundaries. For comparison, the alloy Mn9+B shows a substantially delayed 
embrittlement. The present observations suggest that Mn segregation is slowed 
down by non-equilibrium B segregation during cooling from the austenite regime. 
During tempering B partially desegregates from PAGB and migrates to martensite 
lath and pocket boundaries, which is consistent with the observations of Hwang 
(56). Once Mn segregates to PAGBs, B cannot compensate the embrittling effect 
caused by the Mn and the material fails along PAGBs. Nonetheless, the delay in 
temper embrittlement in the Mn9+B alloy at 450 °C can be utilized for welding 
applications during cooling in the heat affected zone. 
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 Effect of C on DBTT 3.4.2.
An addition of 0.1 wt% C increased DBTT to 50 °C while simultaneously decreased 
the energy of the upper shelf. APT analysis of a PAGB segregation level revealed a 
slight Mn segregation already in the quenched state. The results of segregation 
measurement in the binary Fe-8wt%Mn alloy in the quenched state (29) showed no 
segregation of Mn in the quenched state. Similar observations are done from the 
Mn9+B alloy, where no Mn segregation to PAGBs in the quenched state was 
detected. The present results of Mn segregation in Mn9+C alloy suggests that the 
presence of C in the alloy enhances Mn segregation to PAGBs via Mn-C pair or 
cluster formation, which drags Mn to GBs already during the homogenizing 
annealing at 1100 °C or during quenching from the homogenizing temperature. 
An instantaneous decrease of hardness after tempering at 450 °C and 600 °C points 
out that tempering embrittlement is unlikely to be related to a hardening 
embrittlement, which was already shown for Mn09 in Figure 16. 
 
  Austenite formation and its effect on impact 3.4.3.
toughness 
During holding at a fixed temperature in the α+γ region, the decoration level of Mn 
at grain boundaries first increases, driven by equilibrium segregation and the 
formation of a new austenite phase (71, 74) and then decreases as shown in Figure 
25. The decrease in Mn concentration is attributed to the formation of austenite or 
other phases that are rich in Mn. Such phase formation consumes Mn from the grain 
boundaries, hence cleaning them from Mn segregation. These results confirm 
conclusions of Heo (74) on Mn segregation in a Fe-12 at% Mn alloy and suggests 
that this effect describes a general trend for all medium Mn steels (47). 
Addition of C decreases fracture toughness after an extended tempering treatment 
for 4 weeks at 450 °C in comparison to Mn9 alloy after the same treatment. An 
EBSD map in Figure 23b shows formation of thin layer carbides along the GBs and 
3.4.   Discussion  43 
 
 
 
larger austenite islands. These brittle carbides consume Mn and C in expense of 
austenite and thus less beneficial austenite formation takes place. 
The Mn9 alloy shows, after 336 hour 450 °C tempering, an austenite zone with a 
Mn concentration up to 30 at% (Figure 20b). Similar observations were done for a 
binary alloy, containing Fe-12 wt% Mn after tempering at 450 °C for 6 hours. Here 
a formation of a high Mn phase containing up to 35 at% Mn was observed along a 
grain boundary, as shown in Figure 21. 
Nucleation of austenite requires a maximum of driving force, which translates into 
the maximum difference of a Gibbs free energy of between the bcc and fcc phases. 
From the tangent line analysis in Figure 26, the maximum driving force is achieved 
when austenite has a concentration of Mn around 35wt%. Further growth of 
austenite requires a full thermodynamic equilibrium conditions that predict 25% Mn 
in austenite (91). During growth, the Mn concentration equilibrates within austenite 
and, hence the observed concentration of 30 at% Mn in austenite (Figure 20b) can 
be well explained through the incomplete homogenization of Mn inside the 
austenite in the early stage of the nucleation process. On the contrary, P is rejected 
from the austenite and accumulates on the phase boundary; hence, its concentration 
on the phase boundary is slightly increased. Besides the austenite another Mn-rich 
phase is observed on some of the PAGSs after tempering at 450 °C, namely, a 
carbide with composition close to M23C6 (Figure 22c,e). Opposed to the results of 
Heo (74), no formation of α-Mn was detected in the current alloy Mn9. 
With increasing temperature austenite formation accelerates. A lower equilibrium 
concentration of Mn in austenite and a faster diffusion at 600 °C provide an increase 
in toughness already after 30 s. of tempering through fast austenite nucleation at the 
grain boundaries. Figure 22a-b shows a small enrichment of Mn on the PAGB after 
10 min of tempering at 600 °C, which is however, below the nominal Mn 
concentration of 9at%. 
44 Segregation to grain boundaries 
 
 
 
Figure 26: Thermo-Calc calculations of the Gibbs free energy for Mn9 at 450 °C for 
austenite (fcc) and ferrite (bcc) without presence of a grain boundary. Nucleation of 
austenite requires a maximum gain of Gibbs energy. A tangent for the bcc curve at 
25 at% Mn should be parallel to a tangent that is plotted to the fcc phase (parallel 
dotted lines). Plotting a parallel line results in a concentration of 36 wt.% Mn in fcc. 
A nucleus grows according to full equilibrium with a concentration, obtained from 
plotting a double tangent between bcc and fcc, which results in 25.1 wt.% Mn in 
austenite and 3.7 wt.% Mn in ferrite. ∆𝐺𝑛𝑢𝑐𝑙
𝑚𝑎𝑥 is a maximum chemical driving force 
for a diffusional transformation; ∆𝐺𝑑𝑖𝑠𝑝 is a chemical driving force for a displacive 
transformation. 
The temperature dependence of the DBTT can also be explained in terms of the 
austenite formation kinetics. The experimental results show 18at% Mn enrichment 
after tempering for 48 hours at 450 °C, which corresponds to a Mn diffusion length 
of 37nm. A similar segregation level of Mn is expected for other tempering 
conditions with the same Mn diffusion length. From the temperature dependence of 
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the Mn equilibrium concentration in austenite (Figure 27) 18at% of Mn corresponds 
to an austenite that is formed at 540 °C. In region 1 in Figure 27 the Mn equilibrium 
concentration in austenite exceeds 18 at%; hence, austenite formation is unlikely. In 
region 2, in contrast, the Mn equilibrium concentration is lower than 18at% and 
formation of austenite is highly probable. When comparing this result with the 
impact toughness as a function of tempering temperature in Figure 16 a clear 
transition from the brittle to ductile fracture regime at a temperature around 540 °C 
is observed. The ability to form austenite at a tempering condition defines the 
transition between brittle and ductile regimes in the current alloy, Figure 16. These 
results support the suggestion that the formation of austenite removes solute Mn 
from the grain boundaries, hence, reducing the Mn-related embrittlement. 
 
Figure 27: Temperature dependence of Mn equilibrium concentration in austenite. 
For all temperatures a Mn concentration of 18 at% at the grain boundary is 
estimated. In region 1 below 540 °C the Mn equilibrium concentration in austenite 
exceeds 18 at% and austenite formation is unlikely. In region 2 the equilibrium 
concentration of Mn in austenite is below 18at% and austenite formation is 
expected. 
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Besides its grain boundary cleaning effect, i.e. the removal of solute Mn from 
interfaces, the presence of austenite on grain boundaries is also assumed to play an 
important role for improving the impact toughness directly. This effect is attributed 
to a crack blunting or deflecting mechanism. Austenite may induce a TRIP effect 
and reduce crack propagation via local martensitic transformation (92, 93). For 
instance, through thermal cycling the austenite fraction was increased in a Fe-5.5Ni 
alloy, which leads to an increase of the low temperature impact toughness (94). 
Besides the increased austenite volume fraction, its thermal and mechanical stability 
is also an important aspect affecting the impact toughness of an alloy (95). 
 
 Carbide formation 3.4.4.
A formation of M23C6 carbides with a composition 51% Mn, 44% Fe, 5% C (in wt. 
%) was mentioned in the previous chapter. Using a nominal composition of Mn9 
with 75 ppm C no carbide formation is predicted by Thermo-Calc software. A full 
partitioning of C to austenite is expected.  
However, if to increase artificially a nominal concentration of C to 0.1 wt.%, a 
formation of M5C3 is thermodynamically predicted. A phase diagram for a ternary 
Fe-9 wt.% Mn-(0-0.8) wt.% C alloy is shown in Figure 28. The used tempering 
temperature 450 °C lies next to the border of M23C6 and M5C2 carbide formation. 
The formation of M23C6 carbides instead of the predicted M5C2 can either be 
explained by a inaccuracy of the thermodynamical database or a variation in 
pressure that caused a small shift in a thermodynamical equilibrium. The carbides 
consume Mn and C from the matrix and impede the austenite formation. In order to 
suppress the carbide formation an addition of Si or Al (96, 97) it is recommended. 
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Figure 28: A cross-section of a ternary Fe-9 wt% Mn-(0-0.8) wt% C phase diagram, 
constructed with TCFE7 database. A nominal composition of Mn9 alloy is marked 
with a cross. 
 
  Mechanisms of Mn embrittlement 3.4.5.
Tempering of medium Mn alloys in the compositional range 5-12at% Mn (68, 74, 
98) severely degrades toughness, where the segregation of Mn to grain boundaries 
was identified as a key reason. Several theories exist on this mechanisms as 
summarized by Heo and Nam (74). According to the pair-bonding approach by 
Seah (35) an enriched solute Mn content on a grain boundary leads to embrittlement 
as it decreases the sublimation enthalpy. Briant and Messmer (57) showed that a 
more electronegative metal, here Mn, attracts charges from the environment and 
thus weakens the metal-metal bonds in the grain boundary. Finally it was suggested 
that larger atoms may generally lead to grain boundary embrittlement (57).  
Ab initio calculations of Geng et al. (89, 99) on the Mn effect on the cohesion of a 
coherent 3 grain boundary have shown that Mn can directly decrease grain 
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boundary cohesion. Conducting calculations on a 11 grain boundary Yang (88, 
100) came to similar conclusions, but pointed out that Mn can as a solute on the one 
hand enhance grain boundary cohesion, however, on the other hand the associated 
effect of the structural relaxation is detrimental to the overall cohesion of the grain 
boundary. Recently, Militzer (101) explained an embrittling effect of Mn in terms 
of a magnetic effect on the grain boundary. 
Ab-initio calculations, performed in MPIE by T. Hickel and I. Bleskov, showed that 
magnetic effects play indeed a large role in bcc-Fe matrix (Figure 29). Besides a 
pronounced tendency to segregate to the grain boundary, Mn has a tendency to form 
pairs, which have a zero magnetic moment. In a normal state Mn atoms have a 
magnetic moment antiparallel to that of Fe. When Mn segregates to the grain 
boundary, the local change in magnetic moment causes a volume change−0.06 ?̇?3, 
which introduces internal stresses and weakens the grain boundary. 
This brief review of possible Mn effects on grain boundary embrittlement supports 
our observations that the Mn decorated PAGBs can indeed undergo an 
embrittlement already after 10 seconds of tempering. Owing to the fact that the 
embrittling effect occurs already after such a short time suggests that either 
structural relaxation, formation of Mn-Mn pairs in the grain boundary, very fast 
diffusion and grain boundary decoration by Mn associated with solute decohesion 
or a change in the magnetic contributions or their combinations are the underlying 
mechanisms. 
3.4.   Discussion  49 
 
 
 
 
Figure 29: (a) Side view of the Ʃ 5 (013) symmetrical tilt grain boundary. The 
yellow atoms lie in the plane of the figure, while magenta ones lie ½ atomic plane 
below or above the plane of the figure; (b) segregation energy for Mn at the Ʃ 5 
grain boundary as a function of distance from the grain boundary; (c) local magnetic 
moments for two Mn atoms; (d) bonding energy for two Mn atoms. 
 
 Methods of improving impact toughness 3.4.6.
Grain refinement is an effective way to improve impact toughness (6, 66, 68, 102–
104). Smaller grain size provides a lower individual grain boundary segregation 
level in dilute solutions (105, 106). Avoiding a temperature range where temper 
embrittlement occurs or tempering at a higher temperature is another solution to 
avoid temper embrittlement. Alloying with 0.2 wt% Mo failed to improve impact 
toughness in this work, but 2.5 % Mo was shown to reduce the DBTT in Fe-8 wt% 
Mn steel (71). In the present work microalloying with B decreased the DBTT and 
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delayed temper embrittlement at 450 °C. B is expected to occupy grain boundary 
sites and to reduce grain boundary energy and, hence, the driving force for Mn 
Gibbs equilibrium segregation. Desegregation of B from PAGBs in turn increases 
the driving force for Mn segregation, hence promoting grain boundary 
embrittlement. 
Another important aspect, related to an improvement of impact toughness, is 
reversion of temper embrittlement upon slow cooling from a tempering temperature 
and a removal of embrittlement at high temperature. To simulate the slow cooling 
from 600 °C in Mn9 alloy an extra heat treatment step at 450 °C was employed. To 
closely study a removal of embrittlement an extra double-step heat treatments were 
performed for the alloy Mn9. The two heat treatment routes chosen here were 
10min at 450 °C followed by 10min at 600 °C and 10min at 600 °C followed by 
10min at 450 °C. Both treatments result in an improvement of impact toughness, i.e. 
the DBTT was reduced to -40 °C for both treatments. Even 30 s. tempering at 600 
°C prior to tempering at 450 °C is sufficient to improve impact toughness and to 
change the brittle fracture mode from inter-crystalline to trans-crystalline. In a 
double step heat treatment 600 °C 10 min plus 450 °C by increasing the tempering 
time at 450 °C from 10 min to 24 hours does not influence DBTT. Analysis of Mn 
segregation performed by APT after such double step heat treatments in Figure 22c, 
d show no increase in Mn segregation compared to a single step tempering for 10 
min at 600 °C. In contrast, the Mn concentration observed on PAGBs was 
constantly increasing with tempering time during a single step tempering at 450 °C. 
Thus, a positive effect of a double step heat treatment on the resulting impact 
toughness can be understood in terms of a changing segregation behavior of Mn: 
Tempering at 600 °C promotes nucleation of austenite while during the following 
tempering at 450 °C Mn partitions into austenite or other Mn rich phases, promoting 
its further growth. Thus, in case of a combined 450 °C plus 600 °C treatment an 
initial Mn grain boundary segregation at 450 °C transforms immediately to austenite 
at 600 °C, removing the embrittlement.  
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3.5. Summary 
The present study included the atomic scale mechanisms associated with Mn-
dependent embrittlement in three medium Mn model steels, namely, Mn9, Mn9+B 
and Mn9+C at 450 °C and 600 °C at different tempering steps. One of the three 
investigated alloys Mn9+C showed intercrystalline embrittlement already in the 
quenched state. APT analysis revealed Mn segregation already in the as-quenched 
embrittled state, whereas PAGBs in Mn9 and Mn9+B didn’t show any Mn 
enrichment in this condition and the alloys demonstrated no intercrystalline 
embrittlement. Mn9 demonstrated intercrystalline embrittlement after both: 450 °C 
and 600 °C tempering treatment, after even the shortest tempering step of 10 s. In 
comparison, Mn09+B demonstrated a drop of impact toughness after 10 min of 
tempering at 450 °C.  This delay in embrittlement in alloy Mn9+B is due to a non-
equilibrium segregation of B to PAGBs during the initial quench, which decreases 
the grain boundary energy and reduces Mn diffusion to PAGBs. B desegregation 
during tempering in conjunction with promoted segregation of Mn causes an 
embrittling effect after longer holding times. An increase in impact toughness after 
longer tempering times in all three alloys is explained in terms of austenite 
reversion and the associated removal of solute Mn from the grain boundaries into 
the newly formed austenite.  
A heat treatment (600 °C, approx. 30 s.) significantly improved impact toughness 
by accelerating austenite reversion kinetics. Further tempering at lower temperature 
(450 °C) didn’t lead to a reversion of temper embrittlement, due to the fact that Mn 
contributes to austenite growth directly, instead of segregation to the grain 
boundary. 
The underlying embrittling mechanism of Mn was discussed and several possible 
reasons were identified. One of the mechanisms describes a direct embrittling effect 
by Mn atoms by decreasing bond strength. A new proposed mechanism explains a 
decrease of grain boundary cohesion by local magnetic contributions of Mn atoms 
at the grain boundary, causing a local volume change and thus internal stresses. 
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4. Segregation to dislocations 
In this chapter a new observed phenomenon of discontinuous yielding in a binary 
Mn09 alloy is described and explained with a help of a correlative TEM-APT 
measurements. Further finding of a confined phase transformation from martensite 
to austenite along the dislocation lines is described in detail. 
4.1. Introduction 
Medium manganese steels get a wide spectrum of mechanical properties in 
dependence of the micro- and nano- structure, which depends on a material 
processing route. Optimization of the thermomechanical processing of these steels 
requires precise knowledge about the underlying deformation mechanisms, both at 
ambient and elevated temperatures (7, 8). In this context specifically, the 
segregation of solutes to dislocations (107) can significantly alter the deformation 
behavior as it can cause upper and lower yield points, strain localization (Lüders 
bands) and a serrated stress-strain curve, often referred to as jerky flow, Portevin-Le 
Chatelier, or dynamic strain aging effect (107, 108). Such a behavior was mainly 
reported for the interstitial Fe-C system: binary (107), ferritic (109), martensitic 
alloys (18) and austenitic Fe-Mn-C TWIP steels (110). Investigations of the fcc Cu-
Al (111) and Cu-Mn systems (111) showed that this is a general phenomenon, 
which can be observed even when no interstitial atoms are involved. Atom probe 
tomography (APT) provides 3D analytical mapping of materials at near-atomic 
resolution, with detection sensitivity in the range of a few parts per million for all 
elements (112), and is an ideal tool to directly prove solute segregation to 
dislocations (85, 113–117). Cottrell atmospheres composed of C (118, 119), B 
(120), As (114), Cu and Mo were observed in steel by Stymen, Hyde et al. (121, 
122). Further segregation of W and B to dislocations (113) have been observed by 
APT. Simulations predict an attractive driving force for equilibrium segregation of 
Mn to dislocations in the ferritic system (123) but so far, experimental evidence is 
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limited to the non-equilibrium segregation of Mn to dislocations in irradiated 
Eurofer 97 steel (122, 124). For most reports on the strain aging behavior of iron-
based interstitial-containing alloys, the interstitial-dislocation interaction is assumed 
to be the governing mechanism (e.g. in Fe-18%Ni steel), as interstitials have high 
mobility and strong interactions with dislocations (125). Here the effect of the 
substitutional element Mn on the static and dynamic strain aging behavior of a high 
purity martensitic binary Mn9 alloy is investigated. Tensile tests were used, coupled 
to correlative transmission electron microscopy (TEM) and APT characterization 
(62, 126, 127), performed exactly at the same location to gather direct evidence for 
the interaction of Mn with dislocations, both via segregation and local phase 
transformation. 
 
4.2. Materials and Methods 
The investigation was done on the binary high purity Mn9 alloy. The production 
route is described in Chapter 3. Tempering of the alloy Mn9 at 450 °C was 
conducted in a two phase region (ferrite/austenite) in the air circulated furnace. The 
same protocol was followed for tempering samples at 400 °C and   540 °C. 
Tensile testing was conducted on a Zwick ZH 100 tensile machine with a heating 
stage. Dynamic strain ageing tests were performed on cylindrical samples with a 
diameter of 3 mm and a gauge length of 30mm at a constant strain rate of 10
-6
 s
-1
 at 
450 °C. Static strain ageing tensile testing was performed after 50% cold-rolling and 
tempering for 6h at 450 °C on flat samples with a thickness, width and gauge length 
of 1 mm, 5mm and 25mm, respectively, with an initial strain rate of 10
-3
 s
-1 
at room 
temperature. Samples processed by 50% cold-rolling and tempering for 6 hours at 
450 °C were investigated by correlative TEM/APT.  
The site-specific atom probe specimens were prepared using a FEI Helios NanoLab 
600i dual-beam FIB/SEM instrument for a correlative TEM-APT measurement 
procedure. 
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4.3. Results 
At room temperature Mn9 lies in thermodynamic equilibrium in the two phase 
ferrite/austenite region. However, due to the high cooling rate during quenching, 
partitioning of Mn between the expected equilibrium phases ferrite and austenite is 
suppressed. This results in a microstructure of the as-quenched alloy, comprising of 
metastable lath martensite (Figure 30). This result was confirmed by XRD and 
dilatometer analysis. The dislocation density in such parallel arrays of martensite 
laths was estimated by Takaki (125) for a similar alloy Fe-18Ni to be in the range of 
~5x10
14 
/m
2
. 
 
Figure 30: Bright-field STEM micrograph of the martensitic Mn9 alloy in as-
quenched condition. 
Figure 31a shows the results of a dynamic strain ageing test performed on the as-
quenched material at 10
-6
 s
-1
 strain rate and 450 °C. Persistent jerky flow with 
serrations of 2-5 MPa magnitude is observed up to fracture. Figure 31b shows the 
stress-strain curve of the material after 50 % cold-rolling and tempering for 6h at 
450 °C obtained at an initial strain rate of 10
-3
 s
-1 
at room temperature. A drop in the 
stress level by 15 MPa after the onset of yielding is observed. 
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Figure 31: (a) Tensile test at 10
-6
 s
-1
 initial strain rate and 450 °C of the material in 
the as-quenched condition. The material shows dynamic strain ageing behavior; (b) 
Stress-strain curve of the material after 50 % cold-rolling and tempering at 450 °C 
for 6 hours prior to testing. This material shows a pronounced yield point effect. 
  
Performing TEM imaging prior to the APT experiment on the same specimen 
allows to directly link structural and crystallographic information from TEM with 
chemical information from APT (62, 128, 129). This enables direct identification of 
the underlying structure which can be linked to a specific chemical inhomogenity 
measured by APT. The crystallographic nature of the defect that causes segregation 
can be identified and the possibility that the inhomogenity is only a chemical 
fluctuation without being associated to a structural defect can be excluded. Figure 
32 depicts such a correlative TEM/atom probe analysis performed on the material 
that had been 50% cold-rolled and tempered at 450 °C for 6 hours. Two grain 
boundaries and a single dislocation line, highlighted by blue arrows, are visible in 
the TEM image through Bragg contrast and in the 3D atom map as Mn-enriched 
regions. Not all dislocations visible in the STEM micrograph cause segregation that 
is sufficiently high to be detectable by APT (red arrow 1) and visa versa (red arrow 
2). The other example of a correlative microscopy is shown in the Figure 33. It 
depicts two LAGBs, which are highlighted by blue arrows. Figure 34 depicts a 
magnified image where Mn segregation to dislocation lines is clearly visible. 
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Figure 32: Mn9, 50% cold-rolled and tempered at 450 °C for 6 hours to promote 
Mn segregation; (a) TEM image; (b) Atom probe tomography results; (c) Overlay 
of both, TEM and APT; Iso-concentration surfaces indicate areas with Mn 
concentrations above 11 at%. The blue arrows mark grain boundaries and 
dislocation lines that are visible in both, the TEM micrograph and the atom probe 
tomography map. 
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Figure 33: Mn9, 50% cold-rolled and tempered at 450 °C for 6 hours to promote 
Mn segregation; (a) TEM image; (b) Atom probe tomography results; (c) Overlay 
of both, TEM and APT; Iso-concentration surfaces indicate areas with Mn 
concentrations above 13.5 at%. The blue arrows mark low angle tilt grain 
boundaries that are visible in both, the TEM micrograph and the atom probe 
tomography map. 
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Figure 34: Mn9 alloy, 50% cold-rolled and tempered at 450 °C for 6 hours (a); Mn 
segregation to dislocation lines is clearly visible in the magnified subfigure (b, c). 
Similar Mn-rich 1-D formations were found in another binary alloy Fe-12wt%Mn, 
which was 50% cold rolled and tempered for 6 hours at 450 °C. In Figure 21c an 
average concentration of dislocation lines, measured by a proximity histogram, 
shows almost 30 at% Mn. 
Both quantitative chemical analyses of the segregation at selected individual 
dislocations and of the average segregation to all dislocation lines observed were 
performed. The chemical composition was investigated by means of two methods, 
namely, via 1-D profiles along the cylinder unit, which gives precise local 
information but poor statistics, and via a proximity histogram (130), which gives 
good statistics about the average segregation profile across the iso-concentration 
surface but neglects local deviations. Concentration profiles were computed through 
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an individual dislocation line as depicted in Figure 35b and via proxigram as 
depicted in Figure 35c. The error bars represent statistical counting errors and 
exclude data measurement errors. The chemical analysis conducted by using 
proximity histograms from iso-surfaces, such as shown in Figure 34(b, c) showed a 
concentration of 25±2at% Mn at the dislocation core. Both methods (1D profile; 
proximity histogram) yield comparable results, namely, Mn segregation of up to 25 
at% to the dislocations. This corresponds to an enrichment factor of 2.7 compared to 
the bulk concentration of Mn. The average width of the measured Mn-enriched zone 
is about 1 nm. Besides this high Mn decoration of the dislocations another quite 
unexpected feature is observed. When following the decoration pattern along the 
dislocation line periodic changes in the Mn concentration are visible. A typical 
concentration profile along a dislocation line, as shown in Figure 36, exhibits 
periodic changes in the Mn concentration. Similar observations at other dislocations 
indicate that this is a general phenomenon. The Mn concentration pattern along the 
dislocation lines has a 3D shape similar to a “pearl necklace”. Mn-enriched and Mn-
depleted regions alternate at an average spacing of ~5 nm. The Mn rich zones have 
an average length of about ~3-4 nm. 
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Figure 35: Concentration analysis of an individual dislocation: (a) with Mn iso-
concentration surface value 12.5 at%. According to (b) 1-D local concentration 
profiles mapped along cylindrical regions of interest and (c) proximity histograms 
that map average concentration profiles across the iso-concentration surface the 
dislocation core contains ~25 at% Mn. 
 
Figure 36: Mn concentration profile along a dislocation line measured along a 
cylindrical region of interest with 1 nm diameter. Periodic changes of the Mn 
concentration along the dislocation line are observed. The Mn-enriched and Mn-
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depleted regions alternate at an average spacing of ~5 nm. The Mn rich zones have 
near ellipsoidal shapes and an average length of about ~3-4 nm. 
To get structural information of a dislocation core in a 50% deformed Mn9 alloy, 
tempered at 450 °C for 6 hours, TEM analysis in Weak-Beam Dark-Field (WBDF) 
and Bright-Field (BF) was performed. Martensite (bcc) grains were oriented in the 
<001> zone axis to avoid an overlap with austenite (fcc) spots in the diffraction 
pattern. To the eye only spots belonging to the bcc phase were observable in the 
corresponding diffraction patterns (Figure 37b). However, when targeting a selected 
area diffraction aperture over the  position for austenite reflexes (that fulfill a Bain, 
K-S or N-W orientation relationship with the parent bcc grain) and converting this 
intensity back into an image, only the edge dislocations are visible (Figure 37c). 
Besides that these TEM results indirectly confirm the presence of austenitic phase at 
dislocations, they demonstrate that those form only on edge dislocations and, 
moreover, that there is a Bain, K-S or N-S orientation relationship. 
Additional HRTEM analysis was employed for a detailed analysis of a segregated 
region. Figure 38a shows a respective HRTEM micrograph. The encircled region 
contains an edge dislocation, as verified by a Burger’s circuit analysis, viewed 
edge-on. The dislocation core is marked with a red arrow. Figure 38b shows a 
diffraction pattern created by fast Fourier transform (FFT) of Figure 38a. It clearly 
shows that two sets of lattice fringes are present in this region. The bright spot 
marked A corresponds to (110)-ferrite lattice spacing, 0.2032 nm, the small spot 
marked B Corresponds to (200)-austenite lattice spacing, 0.1785 nm. This 
arrangement indicates a close to Bain orientation relationship {010}γ||{010}α, 
<001> γ ||<101> α. 
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Figure 37: Mn9, 50% cold rolled and tempered at 450 °C for 6 hours. (a,b) Bright-
field TEM with an enlarged dark-field TEM image from the marked region. 
 
Figure 38: (a) HRTEM of a 50% deformed Mn9 alloy, tempered at 450 °C for 6 
hours; (b) FFT of the encircled region in (a) containing diffraction spots from two 
crystal structures (A: ferrite and B: austenite). 
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4.4. Discussion 
 Basic considerations 4.4.1.
The serrations in the stress-strain curve observed during the high temperature tensile 
test of as-quenched alloy (Figure 31a) are due to the dynamic strain aging effect. It 
can be explained in terms of impeded dislocation motion due to alternating 
dislocation pinning by solute decoration and unsnapping of the dislocations from 
these Cottrell clouds (55). The discontinuous yielding observed in the tensile tests 
that were performed at room temperature on the tempered samples (Figure 31b) is 
due to the static strain ageing effect. This phenomenon can be observed on materials 
where the dislocations are pinned by solutes and have to overcome a critical stress 
barrier a single time to break free from the Cottrell atmospheres that were formed 
during aging. During cold-rolling, which preceded the tempering, a high density of 
mobile dislocations was introduced into the microstructure. Upon subsequent 
tempering at 450 °C the mobile dislocation segments were immobilized by solute 
segregation. Their spontaneous and collective detachment or a formation of new 
mobile dislocations upon loading resulted in a pronounced upper yield stress barrier 
and a discontinuous transition from elastic deformation to elastic plus plastic 
deformation. As this effect is observed here in a binary medium Mn alloy with very 
low C content and since only negligible amounts of C were found at the 
dislocations, the pinning of dislocations is primarily attributed to Mn. 
 
 Role of manganese and carbon on dislocation pinning 4.4.2.
(in the tempered state) 
Contrary to previous reports that attribute dislocation pinning to C, either directly 
(125) or indirectly by paired defects (90), the current results show no evidence for C 
to be involved in the pinning process in the tempered state. Here the C content in 
the alloy was below 100 ppm and no C enrichment was detected at the dislocation 
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lines after tempering at 450 °C for 6 hours. Instead Figure 39a shows pronounced 
segregation of Mn to a dislocation line. At the same time, the C distribution in the 
same volume is homogeneous and shows no enrichment at the dislocation line. 
Figure 39b shows for the tempered samples (450 °C, 1 hour) a pronounced 
segregation of both, Mn and C at a prior austenite grain boundary. Such an 
enrichment of C by a factor of four compared to the bulk was found on several prior 
austenite grain boundaries in this steel which were measured by using site specific 
preparation by focused ion beam milling. Apparently, in the presence of Mn at 
dislocations there is no co-segregation of C to the dislocations after tempering at 
450 °C. However, the opposite is observed for high angle grain boundaries. Here, 
both, Mn and C segregate jointly. 
It is known that the strongest effect of C segregation in commercial Fe-C steels  to 
dislocations is observed at around 170 °C (109) (bake hardening). The segregation 
tendency of a solute can be approximated by its bulk solubility: Small bulk 
solubility promotes high enrichment of that element at the interface. The C 
solubility at 450 °C in Mn9 alloy is sufficiently higher than at  170 °C and the 
segregation tendency for C is consequently smaller. 
In the following experiment 0.1wt% C was added to Mn9. Surprisingly, even in this 
case no C excess atoms was detected on dislocation lines. In can be explained by a 
dynamic model (131), described by the following equation: 𝑁(𝑡)~(𝑡/𝑘𝑇)2/3 , 
where N(t) is a number of atoms that arrive to a dislocation in dependence of time 
and temperature. The equation indicates a strong temperature dependence of a 
number of segregated atoms, which drastically decreases with an increase of 
temperature. So, a rough estimation gives the result that a dislocation contains 3 
times less C atoms at 450 °C in comparison to 150 °C. 
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Figure 39: (a) Atom map of a dislocation line in Mn9 alloy, 50% cold rolled and 
tempered at 450 °C for 6 hours. 100% of the Mn and C atoms are depicted; all other 
atoms are hidden for clarity. A tubular segregation of Mn to a dislocation is 
observed. The C distribution is random. (b) Atom map of a high angle grain 
boundary in the Fe-9%Mn alloy tempered at 450 °C for 1 hour. Both C and Mn are 
observed together at the interface. 
 Interaction of Mn with edge dislocations 4.4.3.
The above results give direct evidence that Mn strongly segregates to individual 
dislocations in bcc-Fe. As a solute atom with considerable size misfit (+4.9% for 
Mn in bcc-Fe (132)) Mn is expected to segregate to defects for minimizing strain 
energy (124). These observations are in good agreement with a model for solute-
atom interactions between an isolated dislocation and a single substitutional solute 
atom, proposed by Udler and Seidman (123), which takes both, elastic effects 
(parelastic interaction) and modulus effects (dielastic interaction) into account. 
Besides elastic interactions, magnetic forces might also play a role in this system 
(133) but this aspect was not studied here. In the present calculations, the elastic 
parameters were taken from ref. (134) together with lattice constants from ref. 
(135). Eqs. 8 and 9 were used to calculate the total elastic interaction energy. For a 
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screw dislocation there is no linear elastic hydrostatic stress, however, second order 
effects produce an effective hydrostatic stress (136). 
𝐸𝑡𝑜𝑡
𝑒𝑑𝑔𝑒 = 4𝜇𝑅3𝜀𝑎𝑠𝑖𝑛𝜃 (
𝑏
𝑟
) +
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 Equation 9 
Here, 𝑣 is a Poisson ratio, 𝑅 is a radius of the solvent atom, 𝜀𝑎 is a size misfit factor 
(fractional change in a lattice parameter due to change in concentration), 𝜀𝜇 is a 
fractional change of the shear moduli of the solvent with respect to changes in the 
concentration of the solute, 𝜀𝜇𝑘 is a parameter that includes a fractional change of 
the shear and bulk moduli as a function of solute concentration change; 𝑞 is a 
dimensionless nonlinear elasticity parameter, 𝑏 is the magnitude of a burgers vector 
of a dislocation, r is a distance from the dislocation. 
The calculations predict a considerable enhancement of solute-atom segregation, 
which translates into a strong driving force for solute segregation to edge 
dislocations. The interaction energy of a dislocation with a Mn atom at a distance of 
1 Burgers vector is -0.027 eV (edge) and 0.002 eV (screw). The corresponding 
interaction energy with C is about -0.46eV for both edge and screw dislocations at a 
distance of 1 Burgers vector (137). The negative interaction energy means that 
solute atoms are attracted to the dislocation. A positive sign implies that the solutes 
are not tend to segregate to the dislocation (138). In the case of screw dislocations, 
there is no driving force for Mn to segregate. Screw dislocations are, therefore, not 
decorated and thus cannot be imaged by APT map in terms of Mn segregation. Only 
edge dislocations which attract a sufficient amount of Mn atoms are visible, and 
appear as tubular Mn-enriched structures in the APT 3D map. 
Atom probe crystallography methods (64, 139) were applied, which consist in 
detailed analyses of the features related to the crystallography of the specimen that 
are accessible in APT data to i.e. derive the orientation of specific features. Here, 
the grain orientation can be completely indexed, as shown in Figure 40, which 
allows for an identification of slip planes and directions in the 3D atom maps and 
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hence, in combination with the dislocation lines visible due to segregation, for an 
analysis of the dislocation type. 
F 
Figure 40: Detector hit map the upper grain of the tip (a) and the middle grain of the 
tip (c) from Figure 32. The color scales with the local hit density on the detector, 
from purple for high density to blue for low density. The respective special 
distribution maps in z direction from a pole analysis are shown in (b) and (d). 
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Figure 41: Atom probe crystallographic analysis performed on the sub-regions 
depicted in Figure 34; (a) Ion map with a two-dimensional density map shown 
below the reconstructed dataset reveals the presence of a pole with three-fault 
symmetry in (a) and a four-fault symmetry in (b); (a1, b1) top view of the 
reconstructed volume with an overlaid stereographic projection. For clarity, no 
atoms are displayed. Slip planes of dislocation lines are shown as straight lines here 
for clarity. 
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Figure 41 shows an atom probe crystallographic analysis of the grain depicted in 
Figure 34b,c. The (222) pole is directed upwards. All dislocations in the volume 
could be associated to {110} or {123} planes, both of which are typical slip planes 
for the bcc system. For all dislocations <111> slip direction situated on the slip 
plane and perpendicular to the dislocation line was found, what identifies the 
dislocation character as edge type. The same crystallographic analysis was 
performed on further datasets with the same outcome. The segregation of Mn seems 
to occur mainly at edge dislocations, which is in good agreement with the 
calculations described above.  
It might be surprising to observe such high density of edge dislocations in ferrite. 
Edge dislocations in bcc Fe have much higher mobility at room temperature than 
screw dislocations and therefore in bcc microstructures deformed at room 
temperature in general mainly screw dislocations are observed (15, 16). This 
discrepancy can be explained by the high degree of cold deformation in this Fe-
9wt%Mn alloy. 50% cold-rolling was performed to increase the dislocation density 
in this material. The resulting dislocation interactions create a forest-like dislocation 
structure which immobilizes many of the edge dislocation segments. This pre-
deformed material is hence assumed to contain an even higher density of screw 
dislocations which, however, are not visible in the APT reconstructions as they are 
not decorated by Mn. 
 
 Austenite reversion 4.4.4.
Strong segregation in conjunction with pronounced local elastic distortions may 
promote phase transformation (81). Segregation-induced phase transformation has 
already been studied on grain boundaries in medium Mn alloy (81) and can be well 
explained in terms of standard thermodynamic equilibrium calculations. The level 
of segregation on some dislocations in the tempered Fe-9wt%Mn alloy reaches 
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25at% Mn, which is the equilibrium concentration of Mn in austenite at this 
tempering temperature (7). 
The WBDF TEM micrograph in Figure 37 provides an indirect evidence of the 
presence of the other phase along the dislocation lines. Additional HRTEM 
micrograph with FFT from the dislocation region in Figure 38 show a presence of 
austenite localized at an edge dislocation. The width of the austenite region 
according to HRTEM is about 2 nm in comparison to 1 nm width, measured by 
APT. Such a difference is caused by a trajectory aberrations due to difference in the 
evaporation field between Mn and Fe and hence the size of the zone is not accurate 
in an APT measurement. Because of the pearl necklace morphology, projections of 
both ferritic and austenitic regions are superimposed which causes a blurring of the 
HRTEM image. For this reason, no distinct austenitic lattice planes can be seen in 
the HRTEM micrograph. From the FFT analysis it follows that the orientation of 
the fcc precipitate within the matrix is a variant of Bain relationship(110)𝛼//
(001)𝛾, which could indicate that the phase transformation occurred via a 
displacive mechanism, similar to a reversed Bain transformation. The austenite is 
situated above the dislocation core, i.e. in the region with compressive stress. For 
the case of austenite in ferrite, this is not surprising, since the unit volume in 
austenite is 1.153 x 10
-29
 m
3
/at., as compared to 1.1820 x 10
-29 
m
3
/at in case of 
ferrite, which is why austenite can relieve the compressive stress. It should be added 
that the presence of 25 wt. % Mn in austenite changes the unit volume from 1.1375 
x 10
-29
 m
3
/at to 1.153 x 10
-29
 m
3
/at. 
If austenitic precipitates form at dislocations, the Mn content of the precipitates 
must correspond to the Mn content of austenite in thermodynamic equilibrium at the 
corresponding tempering temperature. This is true in the case of the samples 
tempered at 450 °C. Both, the peak concentration of Mn within the precipitates and 
the equilibrium concentration of Mn in austenite at 450 °C amounts for 25 at%.  
However, if austenite precipitates have formed this must also hold for other 
tempering temperatures. Therefore, further atom probe experiments after tempering 
of the same material at 400 °C and 540 °C were conducted. The Mn concentration 
profile around the dislocations after tempering at the selected temperatures is shown 
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in Figure 42. The dashed lines in Figure 42 show the concentrations of Mn in 
austenite in thermodynamic equilibrium at the corresponding tempering 
temperatures. The excellent agreement of predicted equilibrium Mn concentrations 
of austenite with the measured peak concentration at the dislocation core for all 
three investigated temperatures provides after the direct proof by HRTEM further 
correlated evidence for a partial transformation from martensite to austenite along 
the dislocation lines.  
 
Figure 42: Proxigram of dislocation lines in Mn9, tempered at 400 °C for 2 weeks, 
450 °C for 6 hours and 540 °C for 6 hours. Parameters for iso-surface values and 
proxigram were kept the same for all data analysis (delocalization 2 nm, voxel size 
0.7 nm, Mn iso-value 14 at%). Additionally, the equilibrium concentration of Mn in 
austenite at the corresponding tempering temperature is shown with a dashed line. 
However, if austenite nuclei with 1-2 nm diameter are formed, their growth would 
be expected during longer tempering times. But when a sample tempered for 336 
hours at 450 °C was analyzed, no growth of the segregation zone or changes in 
concentration were observed. This result indicates that in this special case of 
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heterogeneous nucleation of austenite at dislocations, although phase transformation 
to austenite already took place, the critical radius for a growable austenite nucleus is 
not yet reached.  
This phenomenon was investigated by continuum growth models. Using a 
thermodynamical approach we consider a new phase nucleation process at the 
dislocation. Because the type of interface between the martensite and a new 
dislocation is not known, two cases were considered: an incoherent interphase, 
formed by nucleation (diffusive transformation) and a coherent interface, formed by 
a reversed Bain deformation from martensite to austenite (displacive 
transformation) (140, 141). For the second case, fcc should hold a variant of a 
special orientation relationship, for which the maximum misfit direction is nearly 
parallel to the burgers vector of the dislocation (142, 143). For the incoherent 
interface Cahn’s approach (144) was used, where the energy of a nucleus consists of 
the dislocation strain energy, a surface-energy and a volume energy term. For a 
coherent nucleation an additional term of phase transformation strain energy will be 
added (140). 
Using a modified model of Cahn (144), the free energy per unit length of a cylinder 
surrounding a dislocation was calculate using Equation 10, where the additional 
term in square brackets represent the strain energy term for the case of a coherent 
transformation: 
F = −A log
𝑟
𝑅0
+ 2πγr − πfr2[+Bπr2], Equation 10 
where 𝐴 = (𝐺𝑏2/4𝜋(1 − 𝑣)) for an edge dislocation, 𝐵 = 𝐺𝑠2(2 − 𝑣)/8(1 − 𝑣), 
where G is the elastic shear modulus, γ the interfacial energy of the boundary, 
𝑓 = ∆𝐹𝑣, volume free energy of formation of a new phase, s- “net” shear in a plane. 
The interfacial energy  was taken from the work of Nakada (145), who suggested 
0.2 J m
-2
 for a low angle lath martensite boundary and 1.1 J m
-2
 for a high angle 
grain boundary with a special orientation relationship. The chemical driving force 
∆Fv was calculated from Thermo-Calc (91) free energy curves. Two ways of 
74  Segregation to dislocations 
 
 
 
calculating∆Fv: for a diffusive and displacive phase transformation, are shown in 
Figure 26. The results of calculations are summarized in Figure 43. 
 
Figure 43: Free energy per unit length of a subcritical austenite cylinder, calculated 
for an interface energy of 1.1 J/m² for a diffusive and 0.2 J/nm
2
 for a displacive 
transformation at temperature of 450 °C. The dashed line depicts the scenario of a 
nuclei formed in absence of a dislocation, the red line of an incoherent nuclei 
(diffusive transformation) at a dislocation and the blue line of a coherent nuclei 
(displacive transformation) at a dislocation. 
The competition of strain energy, volume energy, and surface energy terms result in 
the formation of a local minimum at ~0.5 nm. It can be interpreted as a subcritical 
metastable cylinder of the second phase which initially surrounds the dislocation 
line. Upon further growth, the dislocation interaction strain energy and volume free 
energy are not able to compensate the interface and phase transformation strain 
energy terms. Therefore, the growth of the austenite nucleus is impeded and the 
critical radius of a growable nucleus is not reached. In the absence of a dislocation 
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(black dashed line in Figure 43) the local minimum in the total energy disappears 
and no subcritical austenite cylinder is formed.  
The experimentally observed segregation of Mn is inhomogeneous and contains 
alternating regions of high and low Mn concentration. The periodicity of some 
regions is regular, as shown in Figure 36. However some of the dislocation lines 
exhibit irregular concentration change along the dislocation line. The observed 
irregular concentration changes are attributed to a local change in a dislocation 
orientation. As shown earlier, only edge dislocation segments attract Mn atoms. 
After a high deformation degree prior to tempering treatment edge dislocations 
contain a high density of jogs and kinks with an orientation change. Similar 
observations of a concentration change due curvature of the grain boundaries were 
done by Yao and Miller (79, 146) and of dislocation loops by Hoummada (116). A 
periodic concentration change may arise for various reasons: different lattice 
parameter between austenite and martensite; interface tension (147) or interface 
energy (148). Such a discrete phase formation has already been observed in 1-D 
nanorods and nanowires (147–151), nucleation of Au particle on dislocations in α-
Fe was directly observed by E. Hornbogen (152), θ` precipitate in the pre-deformed 
fcc matrix of an Al-Cu alloy by Thomas and Nutting (153), HRTEM observations 
of Ni3Al precipitates at dislocations have been done by Xiao and co-workers (154). 
If there was a continuous transformation along the dislocation enormous strain 
would have to be accommodated along the dislocation line. Therefore, for energetic 
reasons the precipitation must alternate between segments with smaller and bigger 
lattice parameter along the dislocation line. 
 
 Austenite reversion on low angle grain boundary 4.4.5.
A low angle grain boundaries (LAGBs) are present in the lath martensitic structure 
after quenching and may develop during a recovery process after cold rolling. The 
stress fields are localized at the boundary and produce no long range strain field. 
Hence, the boundary represents a stable configuration. LAGBs are composed of 
dislocation arrays and therefore it is expected that Mn segregates to LAGBs. 
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Theoretical prediction of the segregation level to a dislocation wall is a complicated 
problem, as the dilatational strain field of a wall can be evaluated on the basis of 
elastic continuum theory by summing the effect due to each dislocation in the wall 
(155). But the strain fields of dislocations in a wall arrangement tend to cancel each 
other and the total volume change due to the dislocation wall doesn’t depend on the 
misorientation angle. 
In order to predict the segregation level of Mn to LAGBs it is essential to study this 
complex problem both structurally by TEM and chemically by APT.  
A BFTEM image of a mixed grain boundary is shown in Figure 44a. An aperture 
was inserted in the position where an appearance of fcc reflexes is expected. Only 
tilt component appears as bright contrast in a WBDF image in Figure 44b. The 
bright contrast refers to austenite, situated on edge dislocations, whereas screw 
dislocations do not appear on the WBDF. Thus, Mn segregates to either pure tilt 
grain boundaries or to the tilt components of mixed grain boundaries. Therefore all 
grain boundaries can be treated as a wall arrangement of edge dislocations.  
 
 
Figure 44: Mn9 50%CR and tempered for 6h; (a) A selected area from the enlarged 
region in Figure 44b, the diffraction pattern is indexed as [001]bcc, the positions of 
fcc diffraction spots for a N-W orientation relationship are drawn into the image and 
a position of an aperture (yellow circle) (b) BF image of a LAGB of a mixed 
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character with a tilt angle 2° and a DF micrograph was taken from the region 
marked by the yellow circle. 
A chemical analysis is presented in Figure 45 by means of a radial distribution 
analysis of Mn concentration around a single dislocation and a dislocation in 
different wall arrangements. The analysis showed a slightly lower Mn concentration 
around dislocation lines in a wall configuration. The present observation suggests 
that the long range stress fields are reduced for each dislocation in a wall 
configuration, which results in a reduction of the segregation level around the 
dislocation. A better resolution of Mn concentration in the dislocation core lies on 
the limit of APT technique and therefore no better judgment can be made about the 
difference in stress fields around different dislocation arrangements. 
 
Figure 45: Mn concentration analysis for different dislocation configurations in 
Mn9, cold rolled and tempered at 450 °C for 6 hours: dislocations in a wall 
configuration with an interdislocation distance 4nm and 8 nm; “single” stays here 
for a single dislocation. 
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Figure 46: Mn9 50% cold rolled and tempered at 450 °C for 6 hours; a) ion map, 
showing two low angle grain boundaries b)1-D grain boundary concentration 
profile, plotted along the upper cyan cylinder from (a); c) 1-D grain boundary 
concentration profile, plotted along the lower cyan cylinder from (a). 
Mn concentration on a LAGB was calculated as a sum of regions with nominal 
concentration and enriched dislocation regions. LAGB concentration was calculated 
in dependence of a misorientation angle for a tilt grain boundary. Grain boundary 
misorientation angle 𝜃 was calculated from the following equation: 
𝜃 = 𝑎𝑟𝑐𝑠𝑖𝑛
𝑏
𝑑
 Equation 11 
𝑏- Burgers vector, 𝑑-dislocation spacing. It is generally known that with increasing 
the misorientation angle of a low angle grain boundary the total segregation level 
increases (156). In the following model it is assumed that the segregation field of a 
dislocation is cylindrical with a radius 1 nm and Mn concentration distribution as in 
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the Figure 45. A schematic drawing of the model is presented in the Figure 47. At a 
distance less than 1 nm from the dislocation core the concentration becomes 25 at%.  
 
Figure 47: A schematic image of a dislocation wall with (a) dislocation distance 4 
nm (3.6°) and (b) 2 nm (7.2°)  
The results of the calculations are summarized in a Figure 48. The red points 
indicate the measured experimental values. The proposed model shows a good 
agreement with the experimental results. 
 
Figure 48: Mn concentration on a LAGB in dependence on a misorientation angle, 
calculated for 450 °C. The black and blue curves are calculated for 2 austenite tube 
diameters: 1.5 and 2 nm respectively. The experimental data points, shown as red 
points. 
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From the Figure 48 follows that at the misorientation angle above ~7° (for 2 nm 
interdislocation distance) the segregation zone of dislocations overlap and form a 
layer. Using the calculated critical nucleation size for austenite 3-4 nm from Figure 
43, a critical nucleation size for a growable austenite is reached at a misorientation 
angle above 7° in least on 2 dimensions. The driving force for a diffusive growth of 
such an austenite layer will be reduced to the chemical free energy term, since an 
increase of interface energy occurs only in the growth direction and is negligible 
relatively to a complete interface energy term. 
To verify experimentally whether austenite formed on a LAGB is susceptible to 
growth, an EBSD map analysis was done for Mn9 in the extended tempering 
condition. High resolution EBSD map in Figure 49a shows formation of austenite at 
LAGBs. The austenite islands follow a K-S and N-W orientation relationship to the 
ferrite matrix. To collect quantitative information about formation of viable 
austenite nuclei at LAGBs, a misorientation angle across LAGB, containing 
austenite was measured and plotted as a histogram, normalized to the fraction of 
LAGBs with different misorientation angle as shown in Figure 49b. To avoid an 
influence of other nucleation sites, only those austenite islands were counted, that 
were not attached to HAGBs or GB junctions. The analysis in Figure 49b showed 
that growable austenite was found on LAGBs with a misorientation higher than 5°, 
however, for the grain boundaries below 8° the fraction of austenite was low. The 
small discrepancy between the calculated and measured results might result from 
the present 2D data analysis, missing a complex substructure underneath the 
analyzed map. 
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Figure 49: a) EBSD map of Mn9, 50% cold-rolled and tempered at 540 °C for 6 
hours. Low and high angle grain boundaries are highlighted; b) Distribution of 
viable austenite nuclei, normalized to the fraction of LAGBs with different 
misorientation angle. 
 
 Influence of segregation on grain boundary migration 4.4.6.
Highly deformed alloy Mn9 contains a high amount of defects: vacancies, 
dislocations and LAGBs. During tempering the system tries to reduce the energy by 
82  Segregation to dislocations 
 
 
 
reducing the amount of stored deformation energy by removing the defects, reduce 
the grain boundary and surface energy (157) by recovery or recrystallization and 
grain growth. Dislocations get arranged into wall configurations of LAGBs, and the 
grains tend to reduce the grain boundary length by reducing the curvature, grain 
coarsening, grain coalescence or recrystallization. Under the driving force grain 
boundaries move to more energetically favorable configurations. 
 
Figure 50: (a) 3D atom map of Mn9 50% cold rolled and tempered at 450 °C 6 h, 
showing Mn, Fe atoms and 11.6 at% Mn isoconcentration surfaces. 1-D grain 
boundary concentrations along the cylinders are shown in (b) for the upper grain 
boundary and (c) for the lower grain boundary. 
 
Grain boundary motion can be described as atomic jumps from ledges at one crystal 
surface to the ledges on the other crystal surface (158). The overall process is more 
complicated due to a required diffusion process through and parallel to the grain 
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boundary. In real systems there is an interaction between a grain boundary and 
solute atoms, which tend to segregate to the boundary. When the grain boundary 
moves, the segregated atoms tend to remain in the boundary, i.e. the boundary has 
to drag its impurity load and can only migrate as fast as the slowly moving 
impurities (157). The migration rate of a grain boundary in the presence of impurity 
drag and after the detachment is presented in Figure 51. 
 
Figure 51: Dependence of grain boundary migration rate on driving force in the 
presence of solute drag (159). 
After tempering Mn9 contains segregated Mn atoms on GBs, which change the 
grain boundary mobility. The frozen-in grain boundary motion is observed in Figure 
46 and Figure 50, where an asymmetrical depleted zone from one side of the 
boundary indicates a migration of a grain boundary to a distance, equal to the 
depleted zone width. In the both examples the depleted zone lies from different 
sides of the grain boundary (Figure 46 from the top part and Figure 50 from the 
bottom), which indicated that this observation is not related to APT measurement 
artifacts. For both measurements the depleted zone width is around 13 nm with a 
Mn concentration of 4 at%. According to the thermodynamic calculations (91) of 
the Fe-Mn system, two phases exist in thermodynamic equilibrium at 450 °C: ferrite 
with a concentration 4at% Mn and austenite with 25 at% Mn. The experimental data 
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shows a presence of ferrite with 4at% Mn without the presence of austenite. It is 
anticipated, therefore, that ferrite exists in equilibrium with a Mn enriched grain 
boundary.  
A diffusion length Equation 7 gives a diffusion length of Mn in 6 hours at 450 °C of 
12.5 nm. From a good fit between a grain boundary migration path and a Mn 
diffusion length follows that the grain boundary mobility is limited by solute drag, 
namely diffusion speed of Mn. This effect should be taken into account for grain 
boundary mobility calculations during recrystallization or grain coarsening 
processes. 
 
4.5. Summary 
Dynamic and static strain aging effects at 450 °C were observed in a binary Mn9 
alloy and explained in terms of equilibrium segregation of Mn atoms to edge 
dislocation segments. Using correlative TEM/APT analysis Mn-enriched tubular 
structures observed in 3D atom maps could clearly be identified as decorated 
dislocation lines. The Mn concentration in the dislocation core at the tempering 
temperatures 400 °C, 450 °C and 540 °C reaches levels of 30, 25, 20at% 
respectively, which correspond to the Mn concentration in austenite in 
thermodynamic equilibrium. HRTEM and WBDF TEM imaging provide direct 
evidence for the formation of austenite precipitates along the dislocation cores. 
Despite the fact that Mn segregation to dislocations has triggered local phase 
transformations to austenite these precipitates are unable to grow during extended 
isothermal tempering experiments. Thermodynamic and elastic considerations 
suggest that the austenite precipitates at dislocations are subcritical stable particles 
that are unable to grow for energetic and elastic reasons.  
After an extended tempering time at 450 °C sub-μm sized austenite precipitates 
were found on LAGBs by EBSD method. Estimating a LAGB as a wall 
arrangement of edge dislocations, a GB concentration was calculated in dependence 
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on a misorientation angle. It is proposed that austenite reversion and its subsequent 
growth is possible when a misorientation angle of a LAGB is above 7°. 
An asymmetrical concentration profile across several GBs indicates that GB 
migration took place and Mn atoms were collected by moving GBs. From a good fit 
between the grain boundary migration distance and Mn diffusion length during the 
investigated tempering condition follows that the grain boundary mobility is limited 
by solute drag, i.e. the rate of Mn diffusion. 
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Zusammenfassung 
In der vorliegenden Arbeit wird die Gleichgewichtssegregation und die 
Phasenumwandlung im Mittelmanganstahl Fe-9Mn (in Gew. %) untersucht. 
Gleichgewichtssegregation tritt als Folge von strukturellen Inhomogenitäten im 
Festkörper auf. Diese Inhomogenitäten liefern energetisch günstige Stellen für 
gelöste Atome. Diese Stellen existieren an kristallographischen Defekten wie freien 
Oberflächen, Korngrenzen, Phasengrenzen sowie an Versetzungen und 
Stapelfehlern. Die Konzentration von Atomen an solchen Stellen unterscheidet sich 
von der im defektärmeren Materialvolumen. Segregation von Fremdatomen in einer 
Matrix ändert die mechanischen und physikalischen Eigenschaften von Festkörpern 
und begünstigt Phasenumwandlungen. In dieser Arbeit sind in zwei Teilen 
Phasenumwandlungen in Fe-9Mn Gew. % Legierungen beschrieben, welche durch 
Kohlenstoff-, jedoch hauptsächlich durch Manganseigerung ausgelöst werden. Die 
Arbeit ist deswegen in zwei Teilen aufgeteilt, da die Auswirkungen eines ähnlichen 
Effektes auf verschiedene Defektklassen untersucht wird. Im ersten Teil wird 
gezeigt, dass die Manganseigerung zu zweidimensionalen Defekten, speziell zu 
ehemaligen Austenitgroßwinkelkorngrenzen (PAGB, hier >15° 
Fehlorientierungswinkel) den größten Einfluß auf die Verringerung der 
Kerbschlagzähigkeit hat. Im zweiten Teil wird die Manganseigerung zu 
eindimensionalen Defekten, hier Versetzungslinien in den untersuchten 
Legierungen auf den Zusammenhang mit der Fließkurve analysiert. 
Im Folgenden wird detailliert die Fragestellung des ersten Teiles beschrieben. 
Dieser Teil umfaßt verschiedene mögliche atomar skalierte Mechanismen, die die 
manganabhängige Versprödung bei 450° C und 600° C in drei 
mittelmanganhaltigen Beispiellegierungen verursachen. Als drei 
Beispiellegierungen wurde hochreines Fe-9Mn, Fe-9Mn+B und Fe-9Mn+C gewält. 
Diese wurden nach dem Schmelzen mit ähnlichen Parametern warmgewalzt, 
homogenisiert, abgeschreckt und danach schrittweise geglüht. Von den drei 
Beispiellegierungen zeigte nur Fe-9Mn+C bereits nach dem Abschrecken 
Korngrenzenversprödung an den ehemaligen Austenitkorngrenzen. An diesen 
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Austenitkorngrenzen konnten Mangansegregationen nachgewiesen werden. Die 
beiden anderen Beispiellegierungen, Fe-9Mn und Fe-9Mn+B, zeigten in diesem 
abgeschreckten Zustand keine Korngrenzenversprödung und auch keine 
Mangansegregationen an den Korngrenzen. Bereits nach zehn Sekunden Glühen bei 
450 °C zeigte Fe-Mn9 ebenfalls Korngrenzenversprödung an den ehemaligen 
Austenitkorngrenzen. Fe-9Mn+B zeigte erst nach zehnminütigem Glühen bei 450 
°C eine ähnliche Korngrenzenversprödung. Diese Verzögerung der Versprödung in 
der Legierung Fe-9Mn+B kann mit einer Ungleichgewichtssegregation von Bor an 
den ehmaligen Austenitkorngrenzen erklärt werden. Dabei verringert Bor die 
Korngrenzenenergie und reduziert die Mangansegregation zu den ehemaligen 
Austenitkorngrenzen. Der Rückgang dieser Borsegregation bei gleichzeitig erhöhter 
Mangansegregation beim Anlassen verursachen den beschrieben 
Versprödungseffekt. Weiteres Glühen verursacht aber wiederum eine Erhöhung der 
Kerbschlagzähigkeit. Die Kerbschlagzähigkeitserhöhung wird durch eine 
Austenitreversion ausgelöst, bei der das Mangan aus der Korngrenzenanreicherung 
in den neugebildete Austenit auf den Korngrenzen entlang der Korngrenze 
diffundiert. 
Eine Wärmebehandlung (600 °C, ca. 30 Sekunden) verbessert deutlich die 
Kerbschlagzähigkeit, da sie die Austenitreversion beschleunigt. Bei einem weiteren 
Glühen (450 °C) wurde keine folgende Versprödung gemessen, da Mangan, statt 
sich wie bisher an den Korngrenzen auszureichern, direkt zu den bei 600 °C 
gebildeten Austenitinseln diffundiert. 
Mögliche Versprödungsmechanismen durch Mangan wurden diskutiert. Ein 
Mechanismus beschreibt eine Verringerung der Korngrenzenkohäsion durch gelöste 
Manganatome. Der wahrscheinlichere Mechanismus aber, beschreibt den Einfluß 
der lokalen magnetischen Beiträge zur Korngrenzendekohäsion, die durch eine 
lokalen Volumenänderung zu Eigenspannungen an den Korngrenzen führt. 
Im zweiten Teil dieser Arbeit geht es hauptsächlich um Mangananreicherung 
entlang von Versetzungslinien in der Fe-9Mn Legierung, die dort zu einer 
Austenitbildung führen können. Dieser Effekt wurde zuerst durch dynamische und 
statische Reckalterung bei 450 °C beobachtet. Mit korrelativen TEM / APT-
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Untersuchungen wurden eindimensionale tubuläre Strukturen in dreidimensionalen 
Atomlagenrekonstruktionen als dekorierte Stufenversetzungen identifiziert. Der 
gleiche Zusammenhang konnte bei einer energetischen Berechnung zwischen einem 
Manganatom und einer Stufenversetzung nachgewiesen werden. Die 
Mangankonzentration im Versetzungskern bei Anlaßtemperaturen von 400,  450 
und 540 °C erreicht jeweils 30, 25 und 20 at%. Die gemessene 
Mangankonzentration entspricht der thermodynamischen 
Gleichgewichtskonzentration im Austenit. HRTEM und WBDF TEM-Aufnahmen 
geben einen unmittelbaren Beweis für die Bildung von Austenit entlang der 
Versetzungslinien. Obwohl die Manganseigerungen an Versetzungen eine lokalen 
Phasenumwandlung ausgelöst haben, sind diese Austenitausscheidungen auch nach 
längeren Anlaßzeiten nicht wachstumsfähig. Thermodynamische und elastische 
Überlegungen deuten darauf hin, dass diese Austenitausscheidungen an 
Versetzungslinien kohärente subkritische, aber dennoch stabile Keime sind. Diese 
können aufgrund der energetischen und elastischen Energien nicht wachsen. 
Nach längeren Anlaßzeiten bei 450 °C konnten mikrometergroße 
Austenitausscheidungen auf einer Reihe von Kleinwinkelkorngrenzen (LAGBs) 
mittels EBSD nachgewiesen werden. Weitere Untersuchungen folgten, um 
nachzuweisen, ob diese Austenitausscheidungen sich an allen LAGBs formen. Als 
einfaches Model wurde eine LAGB als perfekte Anordnung von parallelen 
Stufenversetzungen angenommen. Danach wurde die 
Mangankorngrenzenkonzentration in Abhängigkeit des Fehlorientierungswinkels 
berechnet. Es wird gezeigt, dass Austenitreversion und dessen anschließendes 
Wachstum möglich ist, wenn der Fehlorientierungswinkel einer LAGB über 7° ist. 
Ein asymmetrisches Konzentrationsprofil, welches an mehreren Korngrenzen 
gemessen wurde, weist darauf hin, dass diese Korngrenzen gewandert sein könnten. 
Dabei stimmt die aus der Breite des asymmetrisches Konzentrationprofils 
bestimmte Laufstrecke der Korngrenze mit der Mangandiffusionslänge bei den 
verwendeten Anlaßbedingungen überein. Daraus folgt, dass die 
Korngrenzenmobilität von der Mangandiffusionsgeschwindigkeit bestimmt wird.
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Summary 
This work focuses on segregation studies in a binary Fe-9wt%Mn. This thesis is 
divided into two main parts, as a common phenomenon of segregation induced 
phase transformation is studied in the thesis, however the first part deals with 
segregation to 2D defects: grain boundaries, and the second part focuses on 
segregation behavior to 1D defects: dislocation lines. 
The first part included the atomic scale mechanisms associated with Mn-
dependent embrittlement in three medium Mn model steels, namely, Fe-9Mn, Fe-
Mn9+B and Fe-Mn9+C at 450 °C and 600 °C at different tempering stages. One of 
the three investigated alloys Mn9+C showed intercrystalline embrittlement already 
in the quenched state. APT analysis revealed Mn segregation already in the as-
quenched embrittled state, whereas PAGBs in Mn9 and Mn9+B didn’t show any 
Mn enrichment in this condition and the alloys demonstrated no intercrystalline 
embrittlement. Mn9 demonstrated intercrystalline embrittlement after both: 450 °C 
and 600 °C tempering treatment, after even the shortest tempering step of 10 s. In 
comparison, Mn09+B demonstrated a drop of impact toughness after 10 min of 
tempering at 450 °C. This delay in embrittlement in alloy Mn9+B is due to a non-
equilibrium segregation of B to PAGBs during the initial quench, which decreases 
the grain boundary energy and reduces Mn diffusion to PAGBs. B desegregation 
during tempering in conjunction with promoted segregation of Mn causes an 
embrittling effect after longer holding times. An increase in impact toughness after 
longer tempering times in all three alloys is explained in terms of austenite 
reversion and the associated removal of solute Mn from the grain boundaries into 
the newly formed austenite. 
A heat treatment (600 °C, approx. 30 s.) significantly improved impact 
toughness by accelerating austenite reversion kinetics. Further tempering at lower 
temperature (450 °C) didn’t lead to a reversion of temper embrittlement, due to the 
fact that Mn contributes to austenite growth directly, instead of segregation to the 
grain boundary. 
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The underlying embrittling mechanism of Mn was discussed and several 
possible reasons were identified. One of the mechanisms describes a direct 
embrittling effect by Mn atoms by decreasing bond strength. A new proposed 
mechanism explains a decrease of grain boundary cohesion by local magnetic 
contributions of Mn atoms at the grain boundary, causing a local volume change 
and thus internal stresses.  
The second part of this work includes a correlative transmission electron 
microscopy/atom probe tomography study of segregation to dislocation lines in a 
predeformed and tempered Fe-9Mn alloy. The results show direct evidence for 
pronounced equilibrium segregation of Mn to edge dislocation segments without the 
presence of C. The Mn concentration in the dislocation core at the tempering 
temperatures 400 °C, 450 °C and 540 °C reaches levels of 30, 25, 20at% 
respectively, which correspond to the Mn concentration in austenite in 
thermodynamic equilibrium. HRTEM and WBDF TEM imaging provide direct 
evidence for the formation of austenite precipitates along the dislocation cores. 
Despite the fact that Mn segregation to dislocations has triggered local phase 
transformations to austenite these precipitates are unable to grow during extended 
isothermal tempering experiments. Thermodynamic and elastic considerations 
suggest that the austenite precipitates at dislocations are subcritical stable particles 
that are unable to grow for energetic and elastic reasons.  
After an extended tempering time at 450 °C sub-μm sized austenite precipitates 
were found on LAGBs by EBSD method. Estimating a LAGB as a wall 
arrangement of edge dislocations, a GB concentration was calculated in dependence 
on a misorientation angle. It is proposed that austenite reversion and its subsequent 
growth is possible when a misorientation angle of a LAGB is above 7°. 
An asymmetrical concentration profile across several GBs indicates that GB 
migration took place and Mn atoms were collected by moving GBs. From a good fit 
between the grain boundary migration distance and Mn diffusion length during the 
investigated tempering condition follows that the grain boundary mobility is limited 
by solute drag, i.e. the rate of Mn diffusion. 
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